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4,1.3. AISI 314

To further assess the role of Si on the corrosion behaviour in the
oxidatibn-governed fegime a less detailed study was carried out on the
high Si contaihing alloy AISI 314, This alloy 1s a 25Cr-20Ni-Fe alloy
with additions of 2.04 % S1 and 1.12 % Mn. The alloy was supplied as
wrought bar with a small grain size ( 10 um).

To establish any microstructural changes resulting from aging processes,
examinations were carried out on the as-received material and on
Speciﬁens annealed in argon at 800°C for 1 hour, 7.25 hours, 100 hours
and 2000 hours.

As-received

Cross-sectional examination showed that the alloy consisted of austenite

with a few carbide precipitates at grain boundaries. These were
electrolytically extracted for one hour and identified by X-ray
diffraction analysis as M2306’ figure 4,58,

1 hour

L B )

Extracting the carbides for the same time (I hour) followed by X-ray
diffraction analysis showed that the relative intensity of the M23C6
carbides had increased, figure 4,58,

7.25 hours

LRI BN BN ]

Carbide extraction and subsequent X-ray diffraction analysis indicated
that the intensity of M23C6 was approximately the same as after
annealing for 1 hour, figure 4.58.

100 hours

LI NI NN

Cross-sectional examination now revealed that the alloy contained a
considerable amount of the "globular" looking c-phése at the grain
boundaries 1in addition to the long thin M23C6 precipitates,
figure 4.59a. '



- 317 -

Extraction of theses phases and subsequent X-ray diffraction analysis
again confirmed that the relative intensity of M23C6 was increasing and
that the ¢ phase was now present in detectable quantitites, figure 4,58,

2000 hours
Cross~-sectional examipation showed that the phase precipitates were
now more pronounced and much coarser, The M2306 precipitates had not

changed significantly, figure 4.59b.

Thus in sﬁmmagg the alloy in the as-received condition consisted of
austenite with a few M2306 precipitates at grain boundaries. As time
progressed at 800°C, aging processes led initially to the amount of

M23C6 precipitates increasing followed by the formation of the o phase.

a. Sulphur-free gas

Kinetic data for the electropolished (EP) and 180 grit-(180) surface
finishes are presented in figure 4.60. There was no difference between
the surface finishes with the weight uptéke being very small (0.3 mg/cm?
in 5000 hours).

Repldtting these data as weight-gain squared against time, figure 4.61,
showed that the corrosion kinetics were parabolic, with the rate
approximately equal to that of the HP4ONb alloy in the 180 grit
condition. The reaction rate constants are given in table 4.12. Data for
the HP4ONb and Model 25Cr-35Ni-Fe alloy 1in the electropolished (EP)
condition are also presented for comparison purposes to illustrate the

very low corrosion rates of the AISI 314 material, figute 4.61.
Structural examinations were carried out on the 180 grit specimens after

100, 2000 and 5000 hours exposure and on the electropolished (EP)

specimens after 1 hour, 5 hours, 100 hours and 2000 hours exposure.

180 grit condition

10¢ hours

esstr e

Cross-sectional examination showed that a very thin (~ 1 pm thick) scale

formed on the alloy surface, figure 4.62a. X-ray diffraction analysis
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using surface reflection detected the H3 4 spinel and the o phase,
table 4.13. Because of the thinness of the scale the signal for the

o phase was assumed to have come from the precipitatés contained within
‘the alloy subsfrate. The relatively large lattice parameter value of the
oxide spinel indicated that it contained a considerable quantity of Mn,
figure 4,63,

2000 hours

EEEE R ENER]

ESCA-AUGER analysis, figure 4.64, showed that the oxide scale now
consisted of three distinct layers; an outer layer containing slightly
more Cr than Mn, an intermediate layer rich in Mn with some Cr and Si
and most importantly an inner layer rich in Si. The definite increase in
the oxygen level as the Si level increased, together with the peak
position indicating that the siligon was present as Si4+ led to .the

conclusion that a complete inmer SiO2 layer had formed,

5000 hours

s s ta b

Although not shown, cross—sectional analysis showed that the scale after
this long exposure time was only 1-3 pm thick. X-ray diffraction using
surface reflection now detected M304, Cr203, traces of 5102 and M23CG’
table 4.13, Because the scale was very thin it was assumed ‘that the
M2306 peaks came from precipitates within the alloy substrate. The M3 4
lattice parameter value was similar to that obtained after 100 hours

exposure, figure 4.63. The lattice parameter value of Cr,0, was slightly

higher than that of pure Cr2 30 figure 4.65, but becausezog the very low .
intensity perhaps not toco much significance should be attached to this
-observation. Again the most important observation was the presence of
SiOz. The rather low intensity of SiO2 detected was étt:ibuted to it
being present in the inmer layer of the scale and the lack of sharpness

of the X-ray peaks.

Thus in summary it appears that the corrosion process proceeded at the
same rate and in a similar manner to the HP4ONb 180 grit material, A
complete internal 8102 layer formed which prevented the outward
diffusion of Cr and Fe into the scale and resulted in very low weight

gaing and scale thicknesses.




- 319 -

Electrogolished-(EP) condition

1 hour

X-ray diffraction analysis using surface reflection showed that Cr203;
M304 and MZBC6 formed on the alloy surface in the ipitial stages,
table 4,14, The Cr203 lattice parameter value corresponded to that of
pure Cr203 (figure 4.65) and the M304 lattice parameter value indicated

that this phase was MnCr,0,, figure 4.63.

5 hours

Xwray diffraction analysis using surface reflection detected the same
phases, table 4.14. Whereas the intensities of the M, 0, and Cr,0

374 273
increased the intensity of M23C6 remained the same, The M23C6 lattice
parameter did however increase. The lattice parameters of Cr203 and M304

were relatively unchanged, figures 4,65 and 4.63,

100 hours

X-ray diffraction using surface reflection now detected only MBO& spinel
and Cr203 with no trace of M23C6’ table 4.14, The lattice parameter of
the M304 increased indicating that the spinel was becoming richer in Mn,
figure 4.63, The lattice parameter value of the Cr203 also increased,

figure 4,65,

2000 hours

Cross—-sectional examination showed that even after 2000 hours the scale
was exceptionally thin (< 2 mm), figure 4.62b. X-ray diffraction
analysis using surface reflection now detected only M30& and no Cr203,

table 4,14, Again the M304 lattice parameter had increased, figure 4,63,

In summary the low weight gains and scale thicknesses led to the
conclusion that the high 2.04 Z S1i level in the AISI 314 material was
sufficient, even in the electropolished (EP) condition, to form a
complete internal 5102 layer. Thus the corrosion process proceeded in a
similar manner to that of the 180 grit condition.




b, 0.2 % HZS gas

The corrésion kinetice for the 180 grit éurface finish for exposure
times up to 5000 hours and the electropolished (EP) surface finish up to
2000 hours exposure are given In figure 4.66. The weight uptake of the
material in the 180 grit condition (~5 mg/cm® in 2000 hours) was higher
than on the electropolished material (~3 mg/cm? in 2000 hours). Because
the extent of corrosion was greater on the 180 grit ‘material the
majority of the analysis was concentrated on this surface finish. Only a
limited amount of information is presented for the electropolished (EP)

material,

180 grit condition

Replotting the kinetic data as weight gain squaréd against time showed
that the corrosion process commenced at a high rate and subsequently
slowed down until after approximately 1000 hours it became parabolic,

figure 4.67. The corrosion rate remained parabolic until after 3000

hours a significant increase in the rate occurred, indicating the onset
of breakaway corrosidn. Whilst in the parabolic range the corfosion rate
was very similar to the HP4ONDb alloy (table 4.12), however once
breakaway commenced the upturn in the rate for AISI 314 was much more
pronounced, figure 4.67. The Model 25Cr-35Ni-Fe alloy is also included

in the figure for comparison purposes,

To gain a clearer understanding of the corrosion process examinations
were carried out after 1 hour, 5 hours, 100 hours, 500 hours, 1000 hours
and 5000 hours.

1 hour

s s e ans

X-ray diffraction analysis using surface reflection detected the M304 '
spinel and Cr203 on the alloy surface, table 4.15, The lattice parameter
values indicated that the spinel was probably FeCr204, figure 4.63, and

that the Cr203 phase was relatively pure, figure 4.65.
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5 hours

X-ray diffraction analysis using surface reflection now detectéd MBS4 in
addition to M304 and found no trace of Cr203, table 4,15, The lattice
parameters of the oxides where approximately the same as before,

100 hours

Some spallation of the scale started to occur, SEM examination showed
that the surface of the scale was very filamentary, figure 4.68a., Cross-
sectional examination using the Pepperhoff technique revealed that the
scale coﬁsisted‘ of two layers : an outer filémentary looking layer
(10 ym thick) and a slightly thinner uneven inner layer (5 pm thick),
figure 4,69a, A few isolated metallie particles' were also visible
between the two layers, Although the two layers were predominantly oxilde
both contained a number of sulphide particles, Spherical sulphide

precipitates were alse present in the alloy substrate,

An EPMA line scan taken through the two layers indicated that the outer
oxide layer contained predominantly chromium and oxygen with
approximately 5 % Fe, 2 % Mn and 4 Z 8 also présent, figure 4.70, X-ray
mapping indicated that the Fe tended to be concentrated in localized
regions. The inner layer was rich in both Si and Cr and contained
considerably ﬁore S (up to 10 %) than the external layer. The alloy
substrate beneath the scale at this stage contained 12 Z Cr. The
spherical sulphide precpitates present in the Cr depleted alloy
substrate were found to be rich in Mn and Cr but had no fixed
composition. No carbides or o phase were present in the Cr-~depleted

zone.

390 hours

Cross—-sectional examinatibn after 500 hours showed that both the outer
(20 ym) and inner (14 pm) layers were thicker but otherwise the
corrosion morphology was very similar to that after 100 hours,
figure 4.69b, The internal spherical sulphide precipitates had however
become 1arger but fewer in‘number and penetrated deeper into the alloy

substrate.



- 322 -

1000 hours

LU R I B I

After 1000 hours surface SEM examination revealed that the outer layer
had become coarser, figure 4.,68b, An appreciable amount of spallation
was also continuing to occur, The outer layer which was still attached
to - the specimen was removed, ground to a powder and examined by
ESCA-AUGER analysis, This showed that it still consisted of
predominantly Cr-rich oxides.with small amounts of Fe, Mn and 5 also

present, figure 4,71,

To obtain more information about the composition of the inmer layer
argon ion sputteriﬁg was used in conjunction with ESCA-AUGER analysis to
obtain a concentration profile through the inner layer which was still
attached to the specimen, figure 4.71. This revealed that at the
original alloy interface the scale contained 28 % Si, 10 % Cr and small
quantities of Fe; Mn and S. Deeper in the layer the level of chromium
increased as the levei_of Si decreased. The peak bositions showed that

4 and Cr3+

the Si and Cr where present as Si » Indicating a mixture of
'5102 and Cf203. X-ray diffraction using surface reflection, however,
detected no trace of 8102, instead the scale was found to consist of

Cr203 and M30 s, table 4.15,

5000 hours

cs e B e

Surface SEM examination showed that in general the scale had now become
even coarser, figure 4.68c. At corners of the specimen, where quite
often most of the spallation had occurred, large sulphide particles had
formed, figure 4,68d. These were identified by X-ray diffraction using
surface refleétion as M3S4, table 4.15. The rest of the surface was
identified as M.0, and Cr203, table 4.15, The lattice parameter of the

373

spinel indicated that it was FeCr,0,, figure 4.63, The Cr,0, lattice
parameter however was still approximately equivalent to that of pure

- Cr203, figure 4,65,

Cross~sectional examirnation using the Pepperhoff technique showed that
in general areas away from the corners the two layered oxide scale was

still present, figure 4.69d.
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Both layers had thickened considerably and a large amount of localized
internal oxidation had also taken place., Sulphides were often observe&
in these localized regions particularly at the deepest point of the
attack where it appeared that sulphur was attacking the carbides and

" o~ phase before they were converﬁed to oxides. Sulphides were still

present in the Cr-depleted substrate.

The corrosion attack was much more severe at the corners of the
specimens, figure 4.72 and 4.69c. Rather voluminous looking M3 4
sulphide lamallae were now present in place of the outer oxide layer.
The iﬁternal oxide layer remained, but a vast amount of localized

internal oxidation had taken place.

To ascertain the reasons for the upturn in the kinetic curve and the
presence of the M3S4 sulphides at the corners, an EPMA line scan was
taken through one of the general areas of the scale, where sulphide
formation had not'commenced, figure 4,73, This showed that the external
layer consisted of a predominantly Cr203, with isolated' pockets of
(FeMn)304 spinel. An appreciable amount of sulphur was still present

thoughout the scale. The internal layer as before was rich in Cr and 51

and again contained appreciable quantities of sulphur. Perhaps the most
significant observation however was that the alloy substrate beneath the

internal layer- contained only 8 % Cr.

The 1line scan was continued deeper into the alloy substrate,
figure 4.74. This showed that the localized internal oxide was rich in
Cr and Fe in the centre and Cr and Si around the edges. The internal
spherical sulphides present in the Cr-depleted substrate were again
identified as (MnCr)S. Once the Cr-level in the alloy substrate
reached 14 % carbides were stable and slightly deeper into the alloy

o~ phase was also visible.

Thus in summary it appears that in the parabolic range (1000-3000 hours)
the corrosion process pfoceeded at approximately the same rate and in a
similar manner to the HP4ONb under the same conditions. However in the
case of AISI 314 the breakaway trend which commenced after approximately
3000 hours was much more pronounced and eventually led to the formation

of sulphides instead of oxides in the external scale. The reasons for
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-this appear to be assoclated with the considerable amount of spallation
and the formation of the < phase, which placed high demands on the Cr
reservoir in the alloy. Eventually the alloy substrate beneath the scale
became so depleted in Cr that the Cr rich oxide layer was no longer able
to offer protéction and sulphides started to form. The presence of 0.2 Z
By

rich -inpner layer from forming a barrier to the outward diffusion of Cr

S in the gas led to some internal sulphidation which prevented the 5i

aﬁd Fe.

Electr0poliéhed (EP) condition

.'The corrosion process proceeded in a similar manner but at a slightly

lower rate than the 180 grit condition, figure 4,66,

The difference between the behaviour of thé AISI 314 exposed to the
sulphur-free gas and the 0.2 % H,8 gas- for the same exposure time
(2000 hours) is summarized iIn figure 4.75. In the case of the
sulphur-free gas a co_mplete‘Sio2 inner layer formed which prevented the
outward diffusion of Cr and Fe into the outer layers of the scale with
the result that a very thin scale formed, figure 4.75a. The presence of
0.2 % H,S in the gas led to the formation of sulphides both within the
alloy substrate and oxide scale, figure 4.75b. The presence of sulphur
prevented the inner Si rich layer from forming a protective barrier to
the outward diffusion of Cr and Fe and inward diffusion of S and O. This
resulted in the outer and inmer layers growing relatively quickly,
figure 4.75b, A significant amount of localized attack of the M2306 and

- phase initially by 8 and subsequently by © occurred after longer

exposure periods.

A line scan' AB taken through a typical area of the scale is shown in
figure 4,.76. This confirmed that the scale consisted of three layers; an
outermost (MnFe)Crzo4 layer, an intermediate Cr,0, layer and an inner
layer rich in Si and Cr. The line scan and elemental mapping also showed
that all three of these layers contained a significant amount of
sulphur, After 2000 hours the alloy substrate beneafh the inner layer
contained only approximately 10 % Cr, figure 4.76. If the corrosion

‘process was continued for longer exposure times this low level of Cr
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would eventually become insufficient for a protective Cr-rich oxide
layer to form and breakaway would take place, as demonstrated by this

material in the 180 grit conditionm,

Summary for AISI 314

Aging processes

The alloy in the as-received condition consisted of austenite with a few
M23C6 carbide precipitates at grain boundaries., As time progressed at
800°C aging processes led initially to the amount of M2306 precipitates
increasing followed by the formation of the g phase.

S-free gas '180' grit condition

Examinations were not carried out for short term exposures (< 100
hours). However it 1s reasonable to assume that the corrosion process
was similar to the HP4ONb material which progressed at the same rate.
Thus a continuous layer of Cr203'and MnCr204 formed on the alloy surface
in the initial stages. An inner SiO2 layer started to form and block off
the outward diffusion of Cr into the surface layer with the result that
the Cr203 was converted to MnCr2 4 Mn continued to diffuse into the
outer MnCr 04 layer increasing the Mn to Cr ratio. Once the 5102 layer
became complete no further outward diffusion of Ma occurred and the
corrosion morphology consisted of a Mn,, Cr 04 out;er layer and an

I+x " 2-x
“inner Si0, layer, figure 4.77a. Subsequently the inner SiO2 layer

continued 2to thicken. very slowly, figure 4.77b. After long term
exposures (5000 hours) an additional dintermediate Cr203 layer was
detected, figure 4.77c., This could have formed due to the growth of the

o-phase and perhaps the carbides disrupting the inner 8102 iayer and

allowing the outward diffusion of Cr to recommence.

S-free gas 'electropolished EP' condition

Cr,0,, MnCr,0, and M,,C. formed on the alloy surface, figure 4.77d in
the initial stages., These subsequently grew to form a complete surface
layer figure 4.77e. An inner discontinuous 8102 layer started to form,
Once the surface layer became complete the oxides overgrew the carbides.
The carbides were then converted to oxides with the carbon released

diffusing deeper into the alloy, figure 4.77f. The inner 810, layer

2
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started to cut off the outward diffusion of Cr, with the result that the

- Cr,0, was converted to MnCrZOA. The outward diffusion of Mn continued,

273
increasing the Mn to Cr ratio in the outer layer until the inner 5102

layer became complete. The corrosion morphology at this point thus

consisted of a outer Mn 04 layer and an inner SiO2 layer,

1 Cr

7 2-x
figure 4,77f, After long term exposures a slight thickening of the inmner
8102 layer took place, figure 4.77g. Thus it can be concluded that the
2,01 Z 8i addition in the alloy was sufficient even without the
assistance of surface working to form a complete inner SiO2 layer which
provided a very good barrier to outward cationic diffusion. Due to the
complex aging process it was not possible to determine if any inward

ingress of C took place.

S gas 180 grit condition

o 0.2 % i,

The corrosion process can be summarized in a number of stages.

- Stage 1 (1 hour) _
Initially'a layer consisting of Cr203, F-szCr‘.ZO‘!l and some sulphides
formed on the alloy surface and a large number of Mn/Cr rich internal

sulﬁhide precipitates formed in the alioy substraté, figure 4.78a,

-~ Stage 2 (5 hours)
M3S4 sulphide filaments grew on top of the surface layer and the
larger internal sulphide precipitates grew at the expense of the

smaller ones, figure 4.78b,

- Stage 3 (100-500 hours) _
The oxides then overgrew the sulphides to form a porous uneven
external layer containing Cr203, FeCr204 and sulphide filaments,
figure 4.78c. Some of the sulphide filaments and sulphides in the
former surface layer started to transform to FeCr204 and metallic
particles, This layer contained the new 8102 phase, some of the
former internal sulphide precipitates and Cr203 (formed from the
transformation of some of the sulphide precipitates and carbide
precipitates in the alloy). The presence of the sulphides and Cr,04
in this layer prevented the SiO2 from forming a barrier to the




outward diffusion of Cr, Mn and Fe, The internal sulphide
precipitates in the alloy substrate continued to grow at the expense

of the smaller ones.

- Stage 4 (3000-5000 hours)

The outer layer now consisted of predominantly Cr203 with pockets of
(FezMn)CrZOA; CrxSy and metallic particles, figure 4.78d.‘It appeared
~ that some of the sulphides had transformed to FeCrZO4 and metallic
particles, but an appreciable amount of sulphur remained in the form
of chromium sulphides. The inner layer as before contained SiOZ,
Cr203, (Fe,Mn)CrZO4 and some Cr/Mn tich sulphides. The alloy
substrate beneath this layer now only contained ~ 8 % Cr. This Cr-
depletion was 1eading to a large amount of localized internal attack
of the carbides and phase initially by S then by 0 to form FeCrZO&
and SiOz. Some Cr/Mn rich sulphide precipitates remained in this Cr
depleted region of the alloy substrate. Once the Cr level reached

about 14 2 the carbldes and o phase were stable,

In some places, such as corners, the external scale had spalled off
and the Cr level of the substrate was now insufficient to form a new
Cr203 outer layer. This resulted firstly a large amount of internal
attack and secondly the formation of an FeCr-rich sulphide outer

layer, figure 4.78e.

0.2 g_gzs electropolished condition

The weight uptake of the electropolished material was slightly lower.
Examination after 2000 hours showed that the corrosion morphology was
very similar to the 180 grit condition, figure 4.78f. The main
difference was that a smaller volume of internal sulphide precipitates
were present and that the M304 spinel contained a higher Mn to‘Fe ratio
than the 180 grit material. This spinel was concentrated in an outer
layer on top of the Gr203;1ayer. Thus it was concluded that hecause less

Mn was consumed by the internal sulphides, more was available f{for

external oxidation.




Surface Finish Reaction Rate Constant (mg%cm-

Reaction rate constants for AISI 314 at 800°C (p02 = 10~

a
c

= 0.3).

Environment
Sulphur free EP 1.8 x 107>
180 1.5 x 10~
0.2 7 HZS EP -
‘ -3
180 6.4 x 10
Table 4.12
21

bar,
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| | - Exposure _ Phases Identified

‘ time - {Intensity/Parameter A)

1 Austenite Cr,0,. M0, M,,Cq s10,

‘ 100 hours 214/3.589 - 6/8,467 6/8.467 - ' -
Table 4.13

X-ray diffraction data for AIST 314 exposed to the sulphur-free environment at 800°C (pO2 = I.O»?'1

- 6Tt -

bar, a, = 0.3). 180 gritcondition.

‘ j 5000 hours  231/3.587 3/4.973-13.506 7/8.447 - 6/10.632 traces |
\
\
\




Exposure _ : Phases Identified
time ‘ J - (Intensity/Parametef A)
Austenite CF203 M30 4 M.S, M)4Ce 510,

1 hour | 198/3.592 1/4.953-13.615 418,440 - 3/10,568 -

5 hours 158/3.578. . 4/4,962-13,577 8/8.440 - 3/10l.625 -

100 hours  161/3.587 5/4.970-13.574 10/8.475 - - -

éOoo hours  187/3.586 | - .17/8.491 - - -
Table 4.14 ‘
X-ray diffraction data for AISI exposed to the sulphur-free enviromnment at 800°C (p0, = 10'21_bar,

a, = 0.3). Electropolished (EP) condition.

- 0te -



Exposure Phases Identified
time ‘ (Intensity/Parameter A) | ’
Austenite _ Cr203. M30!; M354 M2306 S:I.O2
1 hour 137/3.582 6/4.953-13,612 14/8.408 - : - -
5 hours  32/3.582 | - 22/8.400 10/9.995 - -
1000 hours* 127/3.582 18/4.560-13.953 8/8.441 - - -
5000 hours - 5/4.956-13.587  39/8.395  2/9.953 - -
* _internal layer (external layer removed prior to examination)
Table 4.15
X-ray diffraction data for ATSI 314 exposed to the 0.2 % H,S environment at 800°C (p02. = 10"21 bar,

9

psS, = 10" bar, a, = 0.3). 180 grit condition.
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Exposure Phases Identified
time , (inteﬁsity/Parameter A)
Austenite Cr,0, M,0, M8, M,qC, 840
100 hours 48/3.583 23/4.955-13.589 28/8.393 - - -
2000 hours - 5/4.960-13.610 38/8.406 - - -
Table 4.16
- 1072

X~ray diffraction data for AISI 314 exposed to the 0.2 % H,S environment at 800°C (pO2

pS2 = 10_9 bar, a = 0.3). Electropolished (EP) condition.
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AISI 314 Phase Stability
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Figure 4.58 Time Ch .

Plots of the X-ray diffraction_peak intensity of the phases extracted from AIST 314 against
annealing time in argon at 800 C.
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AlISI 314 Aging at 800 deg. C

‘a) ; ‘ 100 hours 20 pm

b) 2000 hours 20 pm

=

Figure 4.59

Cross-sectional metallographic examination using interference contrast
to show changes in the microstructure of AISI 314 which result from
aging processes at 800°C.




AISI314, P02=10-21, aC=0.3, 800degC
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Figure 4.60 Time Cho

Kinetic data for AISI 314 exposed to the sulphur-free gas at 800°c,
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Figure 4.61 Time Chd

Plots of weight gain squared against time, which compare the corrosion behaviour of AISI 314 with the
Model 25Cr-35Ni~Fe alloy and HP40ONb in the sulphur-free gas at 800°C.
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AlISI 314 S-free 800 deg.C

i S . S G g —

a) 100 hours 20 um

- mount

b) 2000 hours 20 pm

=

Figure 4,62
Cross-sectional metallographic examination of AISI 314 exposed to the
sulphur-free gas at 800°C.




AISI 314, Oxide Spinel Lattice Parameters
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Figure 4.63

|
|
Plots of oxide spinel lattice parameter against time for the scale formed on AISI 314 exposed to the

sulphur-free and 0.27 H S gases at 800°C. |



~ 338 =

70 1 T T T ./ ==y

60 L 0 8!
se
™ SO0 | |
s
o]
:-;7 40 -
©
a

30 L
. .
6}
o
2 20 L i
G
L
@

18 k i

0 L

0 2000 4000 6000 8000 10000
sputter time (sec.?

Figure 4.64
ESCA-AUGER analysis of the scale formed on AISI 314 exposed to the
sulphur-free gas at 800°C for 2000 hours (surface worked '180 grit'
condition).




AISI 314, Chromia Lattice Parameters
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Figure 4.65

Plots of Cr.0. lattice parameter against time for the scale formed on AISI 314 exposed to the sulphur-

free and 0.%%3H28 gases at 800°¢,
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Figure 4.66
Kinetic data for AISI 314 exposed to the sulphur-free and 0.27 H

Time ChD

28 gases at 800°c.
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Plots of weight gain squared against time, which compare the corr051on behaviour of AIST 314 with the
Model 25Cr-35Ni-Fe alloy and HP4ONb in the 0.2% HZS gas at 800°c. (180 grit condition).
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Surface SEM AISI 314 0.2%H5S environment 800 deg.C

a) 100 hours 10um c) 5000 hours general 10pm

Figure 4.68
Surface SEM examination of AISI 314 exposed to the 0.2 % HQS gas at

800°C, 180 grit condition.
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corner

AISI 314 0.2%H2S 800 deg.C

sulphides

500 hours d) 5000 hours

Figure 4.69
Cross-sectional examination using the Pepperhoff technique for AISI 314

exposed to the 0.2 % HZS environment at 800°C, 180 grit condition.
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Figure 4.70

EPMA line scan and elemental concentration maps on AISI 314 exposed for
100 hours to the 0.2 % H,S environment at 800°C, 180 grit condition.
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AISI 314 180, 0.2%H,S , 800 deg.C 1000 hours
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Figure 4.71
ESCA-AUGER analysis of the outer and inner layers of scale formed on

AISI 314 exposed to the 0.2 % HZS gas at 800°C for 1000 hours, 180 grit
condition.
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AlS| 314, 0.2%HS , 800 deg.C

external oxide

internal oxide

carbide

a)

5000 hours 50 um

Figure 4.72

Cross-sectional examination using the Pepperhoff technique for AISI 314,
exposed to the 0.2 Z H,S at 800°C for 5000 hours, 180 grit condition.
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Figure 4.73
EPMA line-scan and elemental maps on AISI 314, exposed for 5000 hours to

the 0.2 % HZS environment at 800°C, 180 grit condition.
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AISI 314 800 deg.C 2000 hours
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i gure 4.75
T oss-sectional examination using the Pepperhoff technique to compare

he corrosion behaviour of AISI 314 exposed in; (a) the S-free gas and

Bb) the 0.2 % HZS gas, for 2000 hours at 800°C, electropolished

ondition.
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ATOMIC PERCENT

40

20

AA.I_LI.‘Li Jaaaal 1 i Lasaalsaay
|
AT A T I
I [ ‘ EE
s0 [ \ v VTV } r‘\" ]
| 4
| |
0 L} ‘4 A (NPUTIT P 1Y ¥ T W PN Bl W WY P
1 TT‘ IRAERaRIASSIE s s T P ey T T T T
g
2F | | "’V"‘Y*—w M~~~
[ ]
10r -
C i ]
| |
0 Laabi nl.n.lLu.Jnl‘.L.u. L
Y
""‘["'Y'J"I’"“"‘TW*Y‘I’ITV‘r]l T T T T ,j
3 g
| | ]
10 [ , ‘
F , i
r 1 4
G t | ]
F
0 & .u,uliu_l_q.l_uitu4uu..a.uul salaasalaa

351

«— matrix
<+ (MnCr)S
- matrix

<+ (MnCr)S
-— matrix

line scan

Al sy

sl ad ey te s laag
1

YT

TTTTT TR T IT I TrrIT T

p—
ot 1

M - sl i sl o b la s as
|
| | |
Ftlr]tt1||r11r[lm-r[ IrrrlTT [TTTrTTrTTTTrT T T T T
t ‘ FIN -

,E

sl gt AR (o i dafumnl £ 55
R R A SERREERRESEERE AL ol RARESREARS
CR 4

0 10

20 30 40 50 €0 20 B0 S0

DISTANCE (¢ MICRONS )

100 110

EPMA line scan, corresponding to line AB on Figure 4.75b, and elemental

concentration maps on AISI 314 exposed for 2000 hours to the 0.2 Z H

gas at 800°C, electropolished condition,

2

S




- 352 -

.08
AISI 314, S-free gas, 800°C. o
a.ai}
-
% .06
S g.05]
m
e _
% 0.04
w
£ p.03]
0
w -
* 0.02
[+
] .
* p.01
.00 | 314 &P
T T = T T o
e 1008 2000 3000 4000 5000
Time Chd
180 EP
Cro03  MnCrO, M33Cs
d) 1hr
CFZO3 M23C5 MnCQO(,
e) v Shrs
Si0;
h}”1-xcr2-x04 . Mny.x Cra.x Oy
0.) SN SSSRERRRA RS AR N T NS NSNS SN 100hr5 f) 100hrs
/
Si0, Q N\ g Si0; @ Q
o %Mmcs - \ KMRCS
“’}”1.;02-:0& Mn;, xCrp_x Oy
sy 20001 Q)WZOOOWS
Si0; 0 \ Q / Si02€ \ &
M23Cs
g
?"jm.x Crax O, C/ona
TN,
M,4C
o 23C6

Figure 4.77

Schematic diagram summarising the corrosion behaviour of AISI 314 in the
sulphur-free gas at 800°C.
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Figure 4.78

Schematic diagram summarising the corrosion behaviour of AISI 314 in the
0.2 % H,5 gas at 800°C.
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4.1.4. HP4O0AL

This alloy is essentially the HP4ONb alloy with a 3.49 % Al addition.
The alloy was supplied as centrifugally cast tube and contained a large

number of indigzanous carbide precipitates.

To establish any microstructural changes resulting from aging processes,
examinations were carried out on the as received material and on
specimens annealed in argon at 800°C for 1 hour, 7.25 hours, 100 hours,

2000 hours and 5000 hours.

As-received

Cross-sectional examination using the Pepperhoff technique showed that
the alloy contained three primary carbides : MTCB’ MC, M6C and an
intermetallic compound NiAl, figure 4.79a. The carbides were
electrolytically extracted for one hour and subsequently analysed by
X-ray diffraction, which confirmed that they were M MC, M.C,

figure 4.80.

i 6

1 hour

* e s e

Cross—-sectional examination using the Pepperhoff technique revealed that
a large number of very small secondary carbide precipitates had formed
in the alloy substrate, figure 4.79b. These tended to be concentrated
around the primary carbides. At this stage these secondary carbides were
too small to be identified by metallographic techniques. Electrolytic
extraction for 1 hour followed by X-ray diffraction analysis indicated
C

that the intensity of the primary M and MC precipitates had

773

decreased, figure 4.80.

7.25 hours

L R ]

Carbide extraction and subsequent X-ray diffraction analysis indicated
that the intensity of both the M23C6 and Méc carbides had increased
significantly. This appeared to coincide with a drop in the intemnsity of
M7C3. The intensity of the MC carbides now remained relatively
unchanged, figure 4.80.
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100 hours

ERC A B R A

Cross-sectional examination using the Pepperhoff technique showed that
the primary M7C3 carbides appeared to have almost totally transformed to
M23C6 with just a few traces of M7C3 remaining at the centre of the
precipitates, figure 4.79c. The primary MC and M6C carbide precipitates
and the intermetallic compound NiAl appeared to be wunchanged. The
2306 and MGC carbide precipitates had grown and were now
evenly distributed throughout the alloy substrate. Electrolytic

secondary M

extraction of the carbides followed by X-ray diffraction analysis
confirmed that the primary M7C3 carbides had transformed to M23C6 with
the carbon released in the process forming secondary M23C6 and M6C

precipitates.

2000 hours

R I I )

Cross-sectional examination using the Pepperhoff technique showed that
the primary carbides were unchanged, figure 4.79d. The secondary M23C6

and M6C carbides had grown larger but were fewer in number.

5000 hours

L ]

A similar microstructure was present after 5000 hours, figure 4.79%e. The

secondary MZBC6 and M6C precipitates had continued to coarsen.

Thus in summary, the alloy in the as-received condition contained M7C3,

MC and M_C primary carbide precipitates and an NiAl intermetallic phase.

6

As time progressed at 800°C, the primary M 03 precipitates transformed

to M23C6. The carbon released in the proceg; led to the formation of a
large number of secondary M23C6 and M6C carbides in the alloy substrate.
These subsequently grew and became fewer in number. The aging process,
although similar to the HP4ONb alloy was much more pronounced, with

dramatic changes occurring to the alloy structure in a very short time.

Kinetic data for the electropolished (EP) and 180 grit (180) surface
finishes are presented in figure 4.81. The curves for both surface

finishes were very similar, with the weight uptake of the 180 grit

material slightly higher than the EP material.
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Electropolished condition

Replotting the kinetic data as weight gain squared against time,
figure 4.82, showed that the kinetics did not become parabolic until
after 1000 hours exposure. The rate constant for the parabolic range
(1000-5000 hours) is given in table 4.17. The corrosion rate was also
considerably higher than for the Model 25Cr~35Ni alloy and HP4OND,
figure 4,82,

To obtain the reasons for this examinations were carried out after 1

hour, 5 hours, 100 hours and 2000 hours,

1 hour

R R

X~ray diffraction analysis using surface reflection detected M304, Cr203

and MZBCG on the alloy surface, table 4.17. The NiAl peaks were assumed
to have originated from precipitates within the alloy substrate. The
lattice parameter of the oxide spinel indicated that it was FechOA’
figure 4.83, The lattice parameter of CrZO

Cr203, figure 4.84.

3 corresponded to that of pure

5 hours

X-ray diffraction analysis using surface reflection again detected M304,

Cr203 and M23C6, 304

relative to the other phases. The lattice parameter of the M3O& spinel

table 4.18. The dintensity of M had increased

had also increased, indicating that Mn was starting to be incorporated
into the oxide scale, figure 4.83. The lattice parameter of Cr203 was
similar to before, figure 4.84.

100 hours

After 100 hours X-ray diffraction analysis indicated that the oxide

scale consisted of M,0, and CrZO table 4.18. Again the spinel lattice

374 -
parameter had increased indicating that it now had the composition Mn

Cr,0 figure 4.83. The lattice parameter of the Cr

oYy O3 phase remained

2

the same, figure 4.84. The M7C3 and M23C6 peaks were attributed to

precipitates within the alloy.
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2000 hours

e 4 8 88 s s

Cross—sectional analysis using the Pepperhoff technique showed that the
corrosion morphology consisted of an outer oxide layer (2-5 pm thick)

and a zone of internal attack (13 pm deep), figure 4,85f,

An EPMA line scan showed that the oxide layer consisted of predominantly
MnCrZOA, figure 4.88. X-ray diffraction using surface reflection also
confirmed that this layer was MnCrZOa, with small amounts of Cr203 also
detected, table 4,18, The lattice parameter of the oxide spinel indica-
ted that it was very rich in Mn. Again the Cr203 parameter corresponded

to that of pure Cr Surface SEM analysis showed that some localized

0,.
273
thickening of the oxide was occurring where the indiginous carbides were
in the vicinity of the surface. In general however, the oxide layer was
thicker than on the Model 25Cr-35Ni-Fe alloy and HP4ONb, which are

included in figure 4.85 for comparison purposes.

The main point of interest however was the zone of internal attack. This
contained a large number of discontinuous lenticular shaped particles.
An EPMA line scan and X-ray mapping indicated that these particles were
a mixture of A1203 and NiNbSi rich MC carbides, figure 4.87. A few NiAl
intermetallic particles were also present in this region. Due to its
discontinuity this zone was obviously offering 1little additional

protection.

In summary the addition of 3.5 % Al did not result in the formation of

a continuous A1203 layer. Instead a zone of internal attack formed which

contained a large number of discontinuous A1203 particles, some NiNbSi

rich MC carbides and some metallic NiAl particles. The development of
the outer oxide layer was similar to that of the HP4ONb alloy.

180 grit coggition

The kinetic data showed that the weight uptake was slightly higher than
on the electrpolished material, figure 4.81. Replotting the kinetic data
as weight gain squared against time showed that the kinetic rate progres-

sively slowed down but never became parabolic, figure 4.87. Examinations

were carried out after 100 hours and 5000 hours.
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100 hours

L R Y

Cross-sectional examination (although not shown) revealed that a very
thin (1 pm thick) oxide scale had formed on the alloy surface. More
importantly a (5 pm deep) zone of internal oxidation was visible, which
contained isolated A1203 and 8102 particles. X-ray diffraction analysis
using surface reflection indicated that the oxide scale was M304 spinel,
table 4.19, The lattice parameter of this phase was very small. The
M23C6 and MC peaks were assumed to have come from precipitates within
the alloy.

5000 hours

N IR

X-ray diffraction analysis using surface reflection now indicated that

304 with some Cr203 also

present, table 4.19. The lattice parameter of the oxide spinel indicated

the oxide scale consisted of predominantly M

that it was very rich in Mn, figure 4.83. The Cr203 lattice parameter

corresponded to that of pure Cr203, figure 4.84.

In summary the limited amount of analysis carried out, indicated that
the corrosion process was very similar to the electropolished material.
A zone of internal oxidation containing isolated particles rich in Al

offered no addition protection.

b. 0.2 % H,S gas

Kinetic data for the HP40Al alloy in both surface finishes is presented
in figure 4.88. The weight uptake of the electropolished material was
slightly higher than the 180 grit material.

Electropolished (EP)_materigl

The kinetic data are replotted as weight gain squared against time in
figure 4.89. This shows that after the initial high weight uptake the
corrosion rate progressively slowed down until becoming parabolic after
approximately 1000 hours. The rate remained parabolic upto approximately
3000 hours exposure where a significant upturn in the corrosion curve

took place. The rate constant for the parabolic region (1000-3000 hours)

is given in table 4.17.
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To understand the reasons for this examinations were carried out after 5

mins, 2000 hours and 5000 hours.

5 mins

X-ray diffraction using surface reflection detected only M spinel and

0
34
M23C6 on the alloy surface, table 4.20. The lattice parameter indicated
that the spinel was FeCrZOA, figure 4.83. The NiAl signal was assumed to

have come from particles of this phase within the alloy.

2000 hours

Cross—sectional examination using the Pepperhoff technique showed that
the corrosion morphology consisted of an uneven oxide scale and a zone

of internal attack, figure 4.90.

An EPMA line scan EF showed that the oxide scale consisted of two
layers, figure 4.91. The outer laver (20 um thick) was rich in Mn and Cr
and the inner layer rich in Cr. Both layers of the scale contained a

significant amount of sulphur.

The zone of internal attack (70 um deep) consisted of discontinuous
islands of oxide particles which appeared to contain small quantities of
sulphides, figure 4.90b. The position of the oxide islands appeared to
have been determined by the indiginous primary carbides precipitates in
the alloy. These carbide precipitates had behaved in different ways. The
M23C6 precipitates had transformed to predominantly oxides, although
some sulphides were present particularly at the deepest point of the
corrosion attack. Sulphides had nucleated on the MC carbides, but these
carbides had suffered little attack. The M6C carbides had converted
primarily to sulphides. The intermetallic NiAl particles had not been
attacked. Sulphide precipitates were also present in the depleted alloy

substrate. No secondary carbide precipitates were visible in this

region.

The EPMA line scan EF indicated that the islands of oxide in the zone of
internal attack were rich in Al and Si and Cr, figure 4.91, The alloy

substrate between the oxide islands contained very low levels of Cr
(5-10 %).
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5000 hours

DR A

Cross-sectional examination using the Pepperhoff technique showed that
the corrosion morphology still consisted of an oxide scale and a zone of

internal attack, figure 4.90c,

An EPMA line scan CD showed that the oxide scale (20-30 pm thick)
consisted of the outer MnCr204 spinel layer (which also contained small

amounts of Fe) and the inner Cr layer, figure 4,92, X-ray diffraction

0
273
analysis using surface reflection confirmed the presence of both M304
and Cr203, table 4,20, with the lattice parameter of the spinel

indicating that it contained Cr, Mn and Fe. The Cr,0, lattice parameter

3
corresponded to that of pure Cr203. Both cross-sectional analysis using
the Pepperhoff technique and X-ray mapping showed that both these layers

contained a few small sulphide particles.

The depth of the zone of internal oxidation attack had increased
dramatically (170 pym). As before this zone contained discontinuous
islands of oxide which contained some sulphides, figure 4.90c. Again the
M23C6 carbides transformed to oxides with some sulphides at the deepest
point of attack. The MC carbides although not attacked acted as
nucleation points for sulphides, the MGC carbides transformed to
sulphides and the intermetallic NiAl phase was unattacked, The depleted
alloy substrate around the transformed carbides again contained a few
spherical sulphide precipitates. The EPMA line scan CD and X-ray mapping
indicated that the oxide islands near the surface were rich in Al, Si
and Cr, but the oxide islands deeper in the alloy contained only A1203,
figure 4.92. The depleted matrix beneath the zone of internal attack

contained approximately 8 % Cr.

Thus in summary it appears that the addition of 3.49 % Al to the alloy
resulted in the formation of a discontinuous zone of internal oxidation
which contained islands of oxide rich in Al, Si and Cr. The various
carbides within the alloy behaved differently. The M23C6 were initially
attacked by sulphur before transforming to oxide. The MC carbides
although not attacked acted as nucleation points for internal sulphide

precipitates and the M_C carbides were transformed to sulphides. The

6
alloy substrate surrounding the transformed carbides became very
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depleted in Cr which eventually led to the alloy being wunable to
maintain a protective oxide scale and thus breakaway corrosion

commenced.

180 grit Sondition

The kinetic data indicated that although the weight uptake was slightly
lower than the electropolished material the corrosion process appeared
to proceed in a similar manner. Examinations were carried out after 5

mins, 1 hour, 5 hours, 100 hours and 2000 hours.

5 minutes

R

X-ray diffraction using surface reflection showed that Cr203, M3OA

and M23C6 formed on the alloy surface, table 4.21. The lattice parameter
value indicated that the spinel was FeCrZO&, figure 4.83. The lattice
parameter of the Cr203 phase corresponded to that of pure Cr2 3

figure 4.84.

1 hour

‘e e s

X-ray diffraction using surface reflection now detected only Cr203 and
M304, table 4.21, The lattice parameter of the spinel had increased
indicating that Mn was now being incorporated. The Cr,0, lattice

23
parameter was unchanged.

5 hours

X-ray diffraction using surface reflection indicated that the scale now
contained M304, Cr203 and M384, table 4.21. The intensity of the M304
spinel indicated that this phase was starting to concentrate on the

outer surface of the scale.

The lattice parameter of the MBOA had again increased indicating that it

was continuing to become richer in Mn, figure 4.83. The Cr203 lattice

parameter was unchanged.
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100 hours

Cross-sectional examination using the Pepperhoff technique showed that
the corrosion morphology consisted of an oxide scale and a zone of

internal attack, figure 4.90.

An EPMA line scan AB showed that the oxide scale (7 pm thick) consisted
of an outer MnCrZO4 layer and an inner Cr203 layer, figure 4.93. Both
layers contained some sulphide particles.

The zone of internal attack was upto 40 pm deep. This zone contained
islands of oxides formed as a result of the transformation of the M2306
carbides. Some sulphide particles were present in these oxide regions.
Sulphides had started to nucleate on the M6C and MC carbides. A number
of small spherical sulphides were also present in the Cr-depleted alloy
substrate. The EPMA line scan AB and maps indicated that the oxide
islands near the alloy surface were rich in Al, Si and Cr, but deeper in

the alloy only Al was present. The Cr level in the depleted substrate

5%
beneath the zone of internal attack was approximately 15 Z%.

2000 hours

L R

X-ray diffraction using surface reflection indicated that the oxide
scale still consisted of M304 and Cr203, table 4.21, Again the lattice

parameter of the spinel had increased, figure 4.83. The Crzo3 lattice

parameter had also increased, figure 4.84,

Thus in summary it appears that the corrosion process of the 180 grit

material was very similar to the electropolished material.

Summary for HP40AL

Aging Processes

The alloy in the as-received condition contained M7C3 and M6C primary
carbide precipitates and an NiAl intermetallic phase. As time progressed
at 800°C the primary M7C3 precipitates transformed to M2306' The carbon

released in the process led to the formation of a large number of
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secondary M23C6 and M6C carbides in the alloy substrate. These
subsequently grew and became fewer in number. The aging process,
although similar to the HP4ONb alloy was much more pronounced, with

dramatic changes occurring to the alloy structure in a very short time.

The corrosion behaviour of HP40Al in the sulphur-free gas is summarised
in figure 4.94. In the case of the electropolished material Cr203,
FeCrZO4 and M23C6 nucleated on the alloy surface in the initial stages,
figure 4.94b. The primary carbides intersecting the surface enlarged
slightly. Subsequently the oxides overgrew the carbides and Mn diffused
into the oxide scale. Eventually this scale separated into an outer
(Mn,Fe)Cr204 layer and an inner Cr203 layer, figure 4.94c. The most
significant observation was however, the formation of a zone of internal
attack which contained isolated A1203, NiNbSi rich MC carbides and NiAl
particles. This zone offered no additional protection. The corrosion

process was similar for the 180 grit material, figure 4.49d.

0.2 % H,S_gas

The corrosion behaviour of HPA40ALl in the 0.2 %Z H,S gas is summarised in

2
figure 4.95. There was no significant difference between the two surface
finishes, The corrosion process can be separated into a number of

stages.

- Stage 1 (5 mins)
Initially FeCr204, Cr203 and M23C6 formed on the alloy surface,
figure 4.95a.

- Stage 2 (1-5 hours)
The surface layer became complete and contained a mixture of

(Mn,Fe)Cr Cr203 and MBSA’ figure 4.95b.

2%
— Stage 3 (100 hours)
An additional zone of internal attack started to form. This mainly
consisted of transformed former carbides. The M,.C, were initially

2376
attacked by sulphur before transforming to oxide. The MC carbides
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although not attacked acted as nucleation points for internal
sulphide precipitates and the MGC carbides transformed to sulphides.
The intermetallic NiAl phase was not attacked, figure 4.95c.

- Stage 4 (2000 hours)
The corrosion process continued in a similar manner with the alloy

substrate becoming very depleted in Cr, figure 4.95d.

- Stage 5 (3000-5000 hours)
Eventually the substantial Cr-depletion of the alloy substrate led to
a dramatic increase in the extent of the internal attack and the

onset of breakaway corrosion, figure 4.95e.

It was therefore concluded that the 3.49 %Z Al addition to the HP40ONb

alloy offered no additional protection.
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Environment  Surface Finish Reaction Rate Constant (mg%cmﬂéh_l)
-4
Sulphur free EP 3.2 = 10
180 9.5 x 107% -2.7 x 107% *
0.2 2 H,8 EP 3.3 x 107>

2
180 -

* not parabolic

Table 4.17 :

Reaction rate constants for HP40Al at 800°C (pO2 = 10_21 bar, ", = B.3Y..




Exposure Phases Identified
time (Intensity/Parameter A)
Austenite Cr203 M304 M23C6 M6C NiAl
1 hour - 3/4.954-13,584 2/8.373 10/10.594 - 17/2.870
5 hours - 2/4.,945-13.614 6/8.415 14/10.581 - 7/2.862
(M7C3)
100 hours 80/3.585 7/4.9 54-13,595 15/8.449 5/13.998-4.511 3/11.242 -
2000 hours 52/3.589 8/4.950-13.631 43/8.468 - - -

- 99% -

Table 4,18 :

X-ray diffraction data for HP40Al exposed to the sulphur-free environment at 800°C (pO2 = 10_21 bar,

= 0.3). Electropolished condition.



X-ray diffraction data for HP40Al exposed to the sulphur-free environment at
a = 0.3). 180 grit condition.

Exposure Phases Tdentified
time (Intensity/Parameter A)
Austenite Cr203 M304 M23C6 MC NiAl
100 hours 159/3.583 - 3/8.255 17/10.632 3/4.397 -
5000 hours 41/3.587 4/4,961-13.563 45/8.463 - - -
Table 4.19 :
-21 bar,

800°C (p0, = 10

= l9E «




Exposure

time

Phases Identified

{(Intensity/Parameter A)

Austenite

Crz(}3 M304 M384 M. .C NiAl

5000 hours

999/~

13/4.960-13.599

- 3/8.359 - 24/10.580 24/2.874

29/8.415 - - -

Table 4.20 :

X-ray diffraction data for HP40Al exposed to the 0.2 % st environment at 800°C (pO

_ .a=21
5 = 10 bar,

a, = 0.3). Electropolished condition.

= BHE -



B GIE s

Exposure Phases Identified
time  (Intensity/Parameter A)
Austenite Cr203 M30& MSSA MZBCb NiAl

Saime U A0Sl WO - s -

1 hour 121/3.584 7/4.949-13.588 9/8.422 - - -

5 hours 30/3.577 3/4.950-13.591 21/8.393 6/9.947 - -

2000 hours 11/3.582 12/4,971-13.622 48/8.466 - ~ ~
Table 4,21 :

-21 bar,

¥-ray diffraction data for HP40Al exposed to the 0.2 % H.,S environment at 800°C (p0O, = 10
i 2 2
B, = 0.3). 180 grit condition.
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HP4OAI AGING at 800 deg.C
' MgC
M,C,4
5
3 25um MC  NIAl M, C,

as cast
-
b)r— 1
1 hour 2000 hours

! o) 1
100 hours 5000 hours

Figure 4.79

Cross-sectional metallographic examination using the Pepperhoff
technique to show changes in the microstructure of HP40Al which result
from aging processes at 800°C,

e ————
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Figure 4.80
Plots of the X-ray diffraction peak intensity of the phases extracted from HP40Al against annealing
time in argon at 800 C.
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Kinetic data for HP40Al exposed to the sulphur-free gas at 800°¢.
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Plots of weight gain squared against time, which compare the corrogion behaviour of HP40Al with the
Model 25Cr—35Ni-Fe alloy and HP40ONb in the sulphur-free gas at 800 C.
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Plots of oxide spinel lattice parameter against time for the scale formed on HP4DAl exposed to the

sulphur-free and 0.2% H S gases at 800°c.
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Plots of Cr, 0, lattice parameter against time for the scale formed on HP40Al exposed to the sulphur-
3 0
free and O.%i”é HZS gases at 800 C.
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Figure 4.85

Surface SEM and cross-sectional examination using the Pepperhoff
technique comparing the corrosion products formed on the Model
25Cr-35Ni-Fe alloy, HP4ONb and HP40A1l alloys after exposure to the
sulphur-free gas at 800°C for 2000 hours. Electropolished condition
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800°C, 180 grit condition.
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Plots of weight gain squared against time which compare the corrosion behaviour of HP40Al with the

Model 25Cr-35Ni-Fe alloy and HP4ONb in the 0.2% HZS gas at 800°cC.
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Figure 4.90
Cross-sectional examination using the Pepperhoff technique for HP40Al exposed to the 0.27 HZS gas at BOOOC.
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Figure 4.91

Cross-sectional examination using the Pepperhoff technique and EPMA
analysis for the Model 25Cr-35Ni-Fe alloy, HP40ONb and HP40Al alloys
after exposure to the 0.2 % H,S gas at 800°C for 2000 hours.
Electropolished condition.
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Figure 4.92

EPMA line scan and elemental concentration maps on HP40Al exposed for
5000 hours in the 0.2 % HZS gas at 800°C. Electropolished condition.
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Figure 4.93

EPMA line scan and elemental concentration maps on HP40Al exposed for
100 hours in the 0.2 % HZS gas at 800°C, 180 grit condition.
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Figure 4,94

Schematic diagram summarising the corrosion behaviour of HP40Al in the
sulphur-free gas at 800°C.
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Figure 4.95
Schematic diagram summarizing the corrosion behaviour of HP40OAl in the
0.2 % H,S gas at 800°C.
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4.2, SULPHIDATION GOVERNED REGIME AT 800°C

4.2.1. Model 25Cr-35Ni-Fe Alloy in the 0.6 % HZS gas

The corrosion kinetics are presented in figure 4.96. This figure shows
that the weight gains were very high (500 mg/cm? in 1000 hours) and that
there was no significant difference between the electropolished and 180

grit specimens.

Examinations were carried out after 5 mins, ! hour, 5 hours, 25 hours,

200 hours, 500 hours and 1000 hours.

5 mins.

Cross—sectional examination using the Pepperhoff technique revealed that
the corrosion morphology consisted of 2 regions : an oxide scale and a

zone of internal sulphide precipitates, figure 4.97a.

The (blue coloured) oxide scale (4-5 pum thick) also contained a number
of (brown coloured) sulphide particles. X-ray diffraction analysis using
surface reflection confirmed that the scale was however predominantly
Cr2 30 table 4.22.

The zone of (brown coloured) internal sulphide precipitates in the
(yellow coloured) alloy substrate was approximately 2-3 pym deep. There

was no sign of any carburization at this stage.

1 hour

CECEL R A ]

Cross-sectional examination using the Pepperhoff technique revealed
that the corrosion morphology now consisted of 3 regions : an additional
discontinuous external sulphide layer at the scale/gas interface, the

original predominantly oxide layer and the zone of internal sulphide

precipitates in the alloy substrate, figure 4.97b.
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The discontinuous sulphide layer (up to 7 um thick) contained two types
of lamallae. EPMA point analyses identified the lighter coloured (brown)
lamallae as FeCrZS4 and the darker coloured (purple) lamallae as the
more iron rich phase (Fexcry)YSS' A few Ni,Fe particles were also
visible on the outer surface of the thicker areas of this layer. X-ray
diffraction using surface reflection confirmed the presence of MSSA‘
EPMA point analysis confirmed that the (blue coloured) oxide layer was
Cr rich and that the (brown coloured) sulphides particles contained
within this layer were chromium sulphides. X-ray diffraction using
surface reflection indicated that the oxide was still Cr203.

The (brown coloured) internal sulphide precipitates had grown and
penetrated deeper (6 pum) into the (yellow coloured) alloy substrate.
EPMA point analyses confirmed that these precipitates were chromium

sulphides. Again there was no sign of any carburization.

5 hours

LR R

Cross—-sectional examination using the Pepperhoff technique showed that
the corrosion morphology now consisted of 3 regions : an external
sulphide layer I (65 pum thick), the remains of the former predominantly
oxide layer, and a zone of internal sulphide precipitates (34 pum deep),

figure 4.97c.

The former discontinuous external sulphide layer had now coalesced
together to form the continuous external sulphide layer I, which
contained a large number of cracks and pores. This layer contained the
light (brown coloured) FeCrZS4 lamallae, the darker (purple coloured)
more iron rich (FexCry)7S8 lamallae and the (yellow) metallic Ni2Fe
phase. This NizFe phase tended to be concentrated either on the outer
surface or in pores in the scale. X-ray diffraction using surface

reflection confirmed the presence of M384, M7S and Ni, Fe, table 4.22.

8 2

The former oxide layer, situated beneath the sulphide 1layer, now
appeared to have broken up and consisted of a mixture of (blue) oxide
and (brown) sulphide particles. X-ray diffraction wusing surface

reflection again confirmed the presence of Cr203, table 4.22.
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The (brown) dinternal sulphide precipitates had grown and penetrated
deeper into the (yellow) alloy substrate {(maximum depth 34 pm). These
sulphides were quite large (5 uym diameter) near the original alloy

surface but smaller (2 ym diameter) deeper in the alloy substrate.

A small amount of carburization of the grain boundaries had taken place
beneath the zone of internal sulphide precipitates. This was attributed

to aging processes,

25 hours

Cross-sectional examination using the Pepperhoff technique now showed
that the corrosion morphology consisted of 4 regions : the external
sulphide layer I, the broken up original oxide layer, an additional
discontinuous internal sulphide layer and the zone of internal sulphide

precipitates, figure 4.97d.

The external sulphide layer I was now much thicker (150 pm) than before
(figure 87). This layer still consisted of the two types of sulphide
lamellae and the metallic particles. EPMA point analysis confirmed the
compositions of the lighter (brown) lamellae as FeCrZSA, the darker
(purple) lamzllae as the more iron rich phase (FexCry)788 and the
(yellow) metallic phase as NizFe. X-ray diffraction wusing surface

reflection confirmed the presence of M and Ni,Fe, table 4.22. The

3% 2

former M788 phase now had the composition MS.

As before the NizFe metallic phase tended to be situated on the external
surface of the scale or in pores in the sulphide layer I. This
observation and presence of the sulphide lamallae led to the suspicion
that some structural changes occurred during cooling from the test
temperature. To investigate this, pieces of outer sulphide layer I were
heated to 800°C in the hot stage microscope and in the D.T.A. equipment.
Both these techniques detected no phase changes in either heating or
cooling. Thus it was tentatively concluded that the metallic phase and
FeCrZS4
original test exposure but not taken back into solution when scale was

and (FexCry)S lamallae could have formed during cooling from the

reheated to the test temperature.
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The (blue) oxide particles present in what remained of the original
oxide layer were confirmed as Cr203 by EPMA point analysis and X-ray

diffraction using surface reflection, table 4.22.

The discontinuous internal sulphide layer (up to 25 pm thick), situated
just beneath the original alloy surface, appeared to have formed from
the large internal sulphide precipitates coalescing together. Most of
this layer consisted of the light (brown) FeCrZS4 phase with smaller
quantities of the darker (purple) more iron rich (FexCry)S phase also
present. The compositions of these phases were confirmed by EPMA point

analysis,

The zone of internal sulphide precipitates had increased to ~ 100 um
deep, figure 4.98, As before the precipitates deep in the alloy were
much smaller than those nearer the surface., EPMA point analysis

confirmed that the precipitates in this zone were chromium sulphides.

A few carbide precipitates were present beneath the zone of internal
sulphide precipitates. These were often situated near the grain

boundaries.

100 hours

Cross-sectional examination using the Pepperhoff technique now showed
that the corrosion morphology consisteddj5 regions : the external
sulphide 1layer I, the broken up original oxide layer, an internal
sulphide 1layer, and a =zone of internal sulphide precipitates,

figure 4.97e.

The external sulphide layer I although thicker (260 um), figure 4.98,

still contained the two types of lamellae and the metallic Ni,Fe phase.

EPMA point analysis showed that the darker (purple calouredf lamallae
now contained a significant amount of Ni in addition to Fe and Cr. The
composition of the lighter (brown coloured) lamellae (FeCrZSQ) and the
metallic phase NizFe were the same as before. X-ray diffraction using

MS, Ni,Fe

using surface reflection again confirmed the presence of M 9

354>

and also detected traces of MQSB'
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The remains of the broken up oxide layer were identified by EPMA point
analysis as Cr203. The presence of Cr203 was also confirmed by
X-ray diffraction.

The internal discontinuous sulphide layer had also thickened (30 um
thick), figure 4.98, and was now starting to exhibit a similar structure
to the external sulphide layer I. EPMA point analysis confirmed that the
lighter (brown coloured) phase present in smaller amounts was the more

iron rich (Fe Cr )S.
X ¥y

The zone of internal sulphide precipitates had again advanced further
into the alloy substrate (depth 105 pm). As before these sulphides were
quite large nearer the original alloy surface, but much smaller deeper
in the alloy substrate. EPMA point analysis again confirmed these

precipitates as chromium sulphides.

A zone (460 pm deep) containing MZBCG carbides was now clearly visible
beneath the =zone containing the sulphide precipitates, figure 4.98.
Although this zone was quite large the volume of carbides was relatively

small.

200 hours

L )

Cross—sectional examination using the Pepperhoff technique showed that a
dramatic change in the corrosion process had taken place between 100 and
200 hours. The corrosion morphology now consisted of 6 regions : a new
outer sulphide layer II, the former external sulphide layer I, the
remains of the oxide layer at the original alloy surface, an internal
sulphide layer, a zone of sulphide precipitates and a zone of carbide

precipitates, figure 4.97f.

The thickness and relative position of each of these layers and zones is

given in figure 4.98. Considering each layer in turn.

The new outer sulphide layer II (upto 500 pm thick) consisted of a (dark
purple) sulphide phase Fe4 SNié 558 and (yellow) NizFe particles.
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The former external sulphide layer I was only slightly thicker (300 pm)
than after 100 hours. This layer still contained the lighter (brown)
lamallae, the darker (light purple) lamallae and the yellow metallic
NizFe particles.

X-ray powder diffraction on a mixture of outer sulphide layer II and
external sulphide layer I confirmed the presence of Mgsg, M384 and NizFe

and also detected M758 instead of MS. Only traces of the oxide layer

remained at the original alloy surface.

The internal sulphide layer had now advanced a long way into the alloy

(750 pm) . This layer contained the light (brown) FeCr lamallae the

5
274
darker (light purple) more iron rich phase (FexCry)S and some metallic
NizFe particles.

A zone of internal sulphide precipitates (30 pm thick) was again
situated beneath the internal sulphide layer with the zone containing
the MZBC6 precipitates below this.

In some isolated places blisters had formed on top of the new outer
sulphide layer II. Cross-sectional examination using the Pepperhoff

technique showed that these blisters contained the (pink) Ni S,y phase,

3
(dark purple) Fe4 SNiA 588 and (yellow) Ni,Fe. X-ray powder diffraction
on a mixture of a blister, outer sulphide layer II and outer sulphide
layer I confirmed the additional presence of Ni,S, in the blister,

372
table 4,22,

500 hours

" s e 000

Cross—sectional examination using the Pepperhoff technique showed that
corrosion morphology now contained 7 regions : a new outer sulphide
layer ITI (which corresponded to the former blisters), outer sulphide
layer II, external sulphide layer I, the remains of the oxide layer at
the original alloy surface, an internal sulphide layer, a zone of
sulphide precipitates and a zone of carbide precipitates. The thickness
of each of these layers and zones is summarized in figure 4.98. The
severity of the corrosion made it physically impossible to present
cross—-sectional pictures for this exposure time. However the various

layers can be described as follows.
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The new outer sulphide layer III (800 pm thick) consisted of Ni3 99

Fea 5Ni4 588 and NizFe metallic particles and appeared to have been
3 ?
molten at the test temperature. The composition of these phases was

confirmed by EPMA point analysis.

The outer sulphide layer II had become much thicker (1400 pm). EPMA
point analysis confirmed that this layer still consisted of Feﬁ,SNiA,SSS
and NizFe metallic particles.

Outer sulphide layer I had not become much thicker (350 um). EPMA
analysis however showed that although the lamellar structure was still
present both the (brown) coloured lamellar and darker (purple) coloured
lamellar contained significant quantities of Ni in addition to Cr and
Fe. The NizFe particles were still present.

The internal sulphide scale had again advanced much further into the
alloy (1550 pym). EPMA analysis again confirmed that this contained the

Fe particles.

FeCrZS4 and (FexCry)S phases and some metallic N12

Again the zone of internal chromium sulphide precipitates was present
beneath the internal sulphide layer. Although this zone was situated
much deeper in the alley dits overall thickness (30 pm) had not

increased,

Finally the =zone of containing the M23C6 precipitates was situated
beneath the =zone of chromium sulphide precipitates. The amount of

carburization had increased slightly.

1000 hours

R R I )

Cross—sectional examination showed that the same 7 regions were present,
but that only a very small amount of the alloy remained unattacked. It
was concluded that this specimen did not give a true picture of the
corrosion process and that the examination after 500 hours was represen-

tative of the final microstructure in the sequence.
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The corrosion behaviour of the Model 25Cr-35Ni-Fe alloy in the 0.6 7% st

gas can be summarised as a number of stages, figure 4.99.

- Stage 1 (5 mins)

Initially a Cr scale containing a number of sulphide particles

0
2 3
formed on the alloy surface. Simultaneously a number of small

sulphides precipitates formed in the alloy substrate, figure 4.99a.

- Stage 2 (1 hour)

A discontinuous external sulphide layer I containing FeCr and

S
274
more irom rich (FexCry)7S8 lamallae formed on top of the original
predominantly oxide layer. The internal chromium sulphide precipi-
tates grew and penetrated deeper into the alloy substrate,

figure 4.99b,

- Stage 3 (5 hours)

The external sulphide layer I became continuous. This layer consisted

274 2
particles on the outer surface and in the pores in the scale. The

of FeCr,.S, and (Fexcry)TSS lamallae and a number of metallic Ni,Fe

former oxide layer started to break up. The dinternal sulphide
precipitates advanced deeper into the alloy and became much larger

just beneath the original alloy surface, figure 4.99c.

- Stage 4 (25 hours)
The internal chromium sulphides just below the original alloy surface
started to coalesce together and take in iron to form an internal
sulphide layer. The outer sulphide layer 1 continued to thicken and
the internal sulphide precipitates advanced deeper into the alloy.
The original oxide layer was now completely broken up. A few carbide
precipitates started to form beneath the zone containing the internal

sulphide precipitates, figure 4.99c.

- Stage 5 (100 hours)
The former (FeXCryS) lamellar present in the outer sulphide layer I
started to contain a significant amount of Ni. The outer sulphide
layer T and the internal sulphide layer continued to thicken. The
internal chromium sulphide precipitates continued to advance deeper
into the alloy substrate and a zone of M23C6 carbides became visible

beneath the internal sulphides, figure 4.99d.
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Stage 6 (200 hours)

A new outer sulphide layer IT containing Fe4’5N14’588 and NizFe
metallic particles formed. The former outer sulphide layer I remained
relatively unchanged. The internal (FeCr) rich sulphide layer
advanced deep into the alloy. The zones of internal chromium
sulphides and M23C6
sulphide scale, figure 4.99%e.

carbides were still present beneath the internal

Stage 7 (500 hours)

Another outer sulphide layer III formed. This layer contained NiBSZ’

Fe4’5N14,588 and NizFe and appeared to have been molten at the test

temperature. The outer sulphide layer II still contained Fe4 SNiA SSS
’ ’
and NizFe. Outer sulphide layer I contained the two types of lamallae

(both were now rich in Fe, Cr and Ni) and the Ni,Fe metallic phase. A

few traces of oxide were present at the origin;i alloy surface. The
internal Fe,Cr rich sulphide layer had penetrated deeper into the
alloy. The zone of internal sulphides and zone of internal M23C6
precipitates were still present beneath the internal sulphide scale,

figure 4.99f.



Phase Identified

¥-ray diffraction analysis of the model 25Cr-35Ni-Fe alloy exposed to the 0.6 Z H

2

S gas at 800°C.

Exposure (Intensity/Parameter &)
Time ———m—me———m—emmme e e e
Austenite NiEFe Cr203 M304 M7SS MS M3SA MQSB Ni382

5 mins 154/3.58 - 11/4.95-13.59 - - - = - =

1 hr 149/3.58 - 7/4.95-13.58 - - - 4/ 9.97 - -

5 hrs = 41/3.56  5/4.95-13.58 - 11/3.44-5.76 - 15/ 9.99 ” -

25 hrs - 46/3.56 8/4.96-13.59 - - traces 18/10.00 - -

100 hrs - 16/3.56 10/4.96-13.59 - ~ 20/7 36/ 9.99 16/10.184 -

200 hrs - 22/3.56 - - 15/3.45-5.76 - 90/10.00 10/10.25 -~

{normal)

200 hrs - 10/3.56 5/~ - 13/3.46-5.76 - 26/10.00 100/10,12 10/5.73-7.13

(blister)

1000 hrs - 39/3.55 27/4.96-13.58 - - - 7/ 9.95 77/10,.119 15/5.73~7:13
Table 4.22

~ ORE ~
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Figure 4.97
Cross—-sectional examination using the Pepperhoff technique for the Model 25Cr-35Ni-Fe alloy exposed to the 0.67% H,S

gas at 800°C. 2
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Diagram depicting the thickness of the various corrosion layers formed

on the Model 25Cr-35Ni~Fe alloy during exposure to the 0.6 7% H

800°C.
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Summary figure showing the corrosion morphology of the model alloy in
the 0.6% HQS gas.
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4,2.2, HP4ONb in the 0.6 7 HZS gas

The corrosion kinetics are presented in figure 4.100. This figure shows
that the weight gains were very high (400 mg/cm? in 1000 hours) and that
there was no significant difference between the electropolished and 180

grit specimens.

Examinations were carried out after 5 mins, 1 hour, 5 hours, 25 hours,

100 hours, 500 hours and 1000 hours.

5 mins.

Cross-sectional examination using the Pepperhoff technique revealed that
the corrosion morphology consisted of 3 regions : an oxide scale, a zone
of internal sulphide precipitates and some localised attack of the

primary carbides, figure 4.101la.

The (blue) rather porous looking oxide scale (5 pm thick) contained a
number of sulphide particles. These sulphide particles tended to be
concentrated in the outer regions of the scale. X-ray diffraction
analysis using surface reflection confirmed that the scale contained
MBOA’ Cr,0, and M_S table 4.23. The lattice parameter value indicated

2-3 374°
that the oxide spinel was FeCr,0,.

274
The zone of internal sulphide precipitates in the alloy substrate was
approximately 2-3 um deep. The different blue and brown colours of the
precipitates indicated that they were a mixture of Mn and Cr sulphides.

3/M23C6 carbides had taken

place. This mainly consisted of oxidation although some sulphide

Some localized attack of the primary MYC

particles were visible in the transformed carbides. The MC carbides at
this stage had not been attacked and there was no sign of any

carburisation due to carbon injection from the gas.

1 hour

CRC R R

Cross—-sectional examination using the Pepperhoff technique showed that
the corrosion morphology consisted of 4 regions : A new discontinuous

sulphide layer I on the outer surface of the scale, the former
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predominantly oxide layer, a zone of internal sulphide precipitates and

some localized attack of the primary carbides, figure 4.101b.

The discontinuous sulphide layer I (upto 7 pm thick) contained two types
of lamellae, the lighter (brown) coloured FeCrZS4 and the darker

coloured (purple) (Fexcry)788‘ A few Ni_Fe particles were also visible

2
on the outer surface of the thicker areas of this layer. X-ray
diffraction using surface reflection confirmed the presence of M384 and

MYSS’ table 4.23.

The porous oxide layer (5 pm thick) was similar to before and still
contained a number of sulphide particles, X-ray diffraction wusing
surface reflection again confirmed the composition of the oxide phases

in the layer as FeCr?_O4 and Cr203, table 4.23.

The internal sulphide precipitates were larger (2-3 pm diameter) and had

advanced deeper (10 um) into the alloy substrate.

As before a significant amount of localized attack of the MZBCG/M7C3
carbides had taken place beneath the zone of internal sulphides. This
mainly consisted of oxidation although some sulphide particles were
visible in the transformed carbides. The MC carbides had not been
attacked, although a few sulphide particles were nucleating around these
carbides., There was no sign of any carburization due to carbon injection

from the gas. The large number of secondary M carbide precipitates

23
in the alloy substrate near the primary carbides, were attributed to

aging processes.

5 hours

s e s e s

Cross-section examination using the Pepperhoff technique now showed that
the corrosion morphology consisted of 5 regions : an external sulphide
layer I, the former predominantly oxide layer, a discontinuous mixed
oxide/sulphide internal layer, a zone of internal sulphide precipitates

and some localized attack of the primary carbides, figure 4.10lc.
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The former discontinuous external sulphide layer had now coalesced
together to form the continuous external layer I (22 pm thick), which
contained a large number of cracks and pores. This layer consisted of
the light (brown coloured) more iron rich (FeXCry)7S8 lamellae and the
(yellow) metallic Ni,Fe phase. This Ni,Fe phase tended to be
concentrated either on the outer surface or in the pores in the scale.
X-ray diffraction using surface reflection confirmed the presence of
M384, MYSS and NizFe.

The oxide layer (5 pm thick) at the original alloy interface was still

relatively intact and contained a number of sulphide particles.

The new internal discontinuous layer (4-12 pm thick) consisted of a
mixture of sulphides, oxides and metallic particles. This layer had a
very fine structure making it difficult to analyse; however it appeared
that the sulphides were the enlarged internal sulphides formally present
in the zone of internal sulphide precipitates, the oxides were the

remains of the transformed M23C6/M carbides and the metallic

7°3
particles the remains of the depleted alloy substrate.

The zone of internal sulphide precipitates was still about the same
thickness (10 pm) but was now situated deeper in the alloy beneath the
discontinuous internal layer.

Deeper in the alloy some localized attack of the M carbides had

23%6
continued to take place. The carbides appeared to have transformed
predominantly to oxides with some sulphide particles often present at
the deepest point of the attack (55 pm). Again the MC carbides appeared
to be inert. There was no sign of any carburization due to in carbon

injection from the gas. The secondary M carbide precipitates formed

23%
due to aging processes had grown and were starting to be more evenly

distributed throughout the alloy.

25 hours

L R R L N

Cross-section examination using the Pepperhoff technique showed that the
corrosion morphology still consisted of 6 regions : an external sulphide

layer I, the former predominantly oxide layer, a now continuous mixed
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oxide/sulphide internal layer, a zone of internal sulphide precipitates,
some localized attack of the primary carbides and a zone of carburi-

zation, figure 4.101d.

The external sulphide layer I was now much thicker (160 pm) than before,
figure 4.102. This layer still consisted of the two types of lamallae

and the metallic NizFe particles., X-ray diffraction using surface

reflection now i1ndicated that the darker coloured lamallae were

ZSA and NizFe were unchanged,
Fe particles tended to be concentrated

(FexCry)S instead of (FexCry)7SS; the FeCr
table 4.23, These metallic Niz
either on the external surface or in pores in the scale.

The oxide layer was still present at the original alloy surface. This

layer contained a considerable number of sulphide particles.

The internal fine grained mixed oxide/sulphide layer had now become
complete, but was very uneven (5-80 pm thick). X-ray powder diffraction
204 and MBSA’ table 4.24,
A considerable quantity of depleted alloy was still present in this

indicated that the layer was a mixture of FeCr

layer. The zone of internal sulphide precipitates situated beneath the
internal mixed oxide/sulphide layer was 35 pm thick and mirrored the
outline of this layer.

Again a substantial amount of localised attack of the M carbides had

c
occurred. In these areas most of the carbides had transgogmed to oxide,
but some sulphide particles were visible particularly in the deepest
regions of the attack (190 ym from the original alloy surface). A few
small sulphide precipitates were now visible in the alloy substrate
adjacent to the transformed carbides. It appeared that these had formed
by transforming the secondary MZBCG carbides to sulphides. No carbides
were visible in the depleted alloy substrate. Deeper in the alloy a zone
containing a high proportion of carbides was now visible. It was however
impossible to determine whether these had formed exclusively as the
result of the release of carbon from the transformed carbides or also
due to some carbon injection from the gas. The secondary M23C6 carbides

formed due to aging processes had continued to coarsen and were now more

evenly distributed thoughout the alloy.
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100 hours

e 88 e s

Cross—sectional examination using the Pepperhoff technique revealed that
the corrosion morphology now consisted of 7 regions : an additiomnal
discontinuous outer sulphide layer II, the former external sulphide
layer I, the remains of the oxide layer at the original alloy interface,
the internal mixed oxide/sulphide layer, a zone of internal sulphide
precipitates, some localised attack of the primary carbides and a zone

of internal carburization, figure 4.10le.

The new discontinuous outer sulphide layer II (80 pm thick) consisted of
a dark purple coloured sulphide and yellow metallic particles,
figure 4.102. X-ray diffraction analysis wusing surface reflection
confirmed that the sulphide as Fe4’5N14’588 and the metallic particles
as NizFe, table 4.23.

External sulphide layer I which was now 285 pm thick and still consisted

of the two types of sulphide lamallae and the Ni Fe metallic phase. This

2
metallic phase again tended to be concentrated in pores in the scale.
X-ray diffraction analysis wusing surfrace reflection confirmed the

presence of M MS and Ni,Fe, table 4.23.

3°42 2
The oxide layer was still visible at the original alloy interface. As

before this oxide contained a larger number of sulphide particles.

The internal mixed oxide/sulphide layer again was rather uneven (average
thickness 190 pym) and contained a mixture of sulphides, oxides and
depleted alloy substrate. The oxides often had the morphology of the
transformed carbide precipitates. X-ray powder diffraction confirmed

that this layer was now a mixture of M3SA’ M7SS and M304, table 4.24,

The zone of internal sulphide precipitates (35 pm thick) was similar to
before.

Again a significant amount of localised attack of the M carbides had

C
2376
occurred (upto 250 pm deep) with the carbides transforming predominantly

to oxides. The MC carbides had remained inert. A considerable number of




|
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sulphide precipitates were present in the depleted alloy substrate
around the transformed M23C6 and the MC carbides. These appeared to be
attacking the secondary M23C6 precipitates.

A very pronounced zone of carburization was now present deeper in the
alloy. However it was again impossible to determine whether this was due
exclusively carbon release from the transformed carbides or to some

carbon injection from the gas.

500 hours

TR IR

Cross—section examination using the Pepperhoff technique now showed that
the corrosion morphology consisted of 8 regions, figure 4.103, A new
outer sulphide layer ITI, the now continuous outer sulphide layer 1T,
the external sulphide layer I, the remains of oxide layer at the
original alloy interface, the internal mixed oxide/sulphide layer, a
zone of internal sulphide precipitates, some localised attack of the

primary carbides and a zone of internal carburisation.

The new outer sulphide layer III contained the (pink) Ni382 phase, (dark
purple) Fe4,5N14’558 and (yellow) NiZFe metallic particles,
figure 4.102.

The external sulphide layer (500 uym thick) still consisted of the two
types of sulphide lamallae, now both containing Fe and Ni in addition to

Fe and Cr, and the metallic Ni,Fe particles.

2
The oxide scale at the original alloy interface had become rather broken

up and still contained a large number of sulphides.

The internal mixed oxide/sulphide layer was now considerably thicker
(700 pm), but still contained a mixture of fine grained oxide and
sulphide particles in addition to a considerable proportion of depleted
alloy substrate. This layer also contained a large number of cracks.
X-ray powder diffraction confirmed the presence of M M384 and M
table 4.24.

3042 788>
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The zone of internal sulphidation (35 um thick) and localised attack of
the M23C6 carbides were situated deeper in the alloy (800 pym from the
original alloy surface), but were otherwise the same as before.

Finally the amount of carbides in the carburised zone (125 pm thick) had
increased significantly, probably due to release of carbon from the

transformed carbides.

Summary

The corrosion behaviour of the HP4ONb alloy in the 0.6 % H. S gas can be

2
summarised as a number of stages, figure 4.104

- Stage 1 (5 mins)
Initially a mixed Cr203 and FeCrZO4 oxide scale, which also contained
a number of sulphide particles, formed on the alloy surface.
Simultaneously a number of small sulphide precipitates formed in the
alloy substrate and some localised attack of the primary M23C6
carbides took place. These carbides transformed predominantly to
oxides with some sulphides also present at the deepest point of

attack, figure 4.104a,

- Stage 2 (1 hour)

A discontinuous outer sulphide layer I containing FeCr and more

S
274
iron-rich (FeXCry)7S8 lamallae formed on top of the original
predominantly oxide layer. The =zone of internal Cr/Mn sulphide
precipitates and localised attack of the carbides advanced deeper

into the alloy, figure 4.104b.

- State 3 (5 hours)

The outer sulphide layer I became continuous. This layer consisted of

274
particles on the outer surface and in the pores in the scale. A new

the FeCr,S, and (FexCry)788 lamallae and a number of metallic

discontinuous internal layer formed which consisted of a mixture of
sulphides, oxides and metallic particles. It appeared that the
sulphides were the enlarged internal sulphides formally present in

the zone of internal sulphide precipitates, the oxides were the
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remains of the transformed M23C6/M7C,3 carbides and the metallic
particles the remains of the depleted alloy substrate. The zone of
internal sulphide precipitates and localised attack of the carbides
situated beneath discontinuous internal scale advanced deeper into

the alloy, figure 4,104c.

Stage 4 (25 hours)

The outer sulphide layer I continued to thicken and the internal
mixed oxide/sulphide layer became continuous and advanced deeper into
the alloy substrate. The =zone of internal sulphide precipitates and

localised attack of the primary M carbides continued to advance

23%
ahead of the internal mixed oxide/sulphide layer. The attack of these
carbides led to the release of carbon which diffused deeper into the
alloy substrate to form a zone of carbide precipitates. It was
impossible to determine if some of these additional carbide
precipitates were also due to carbon injection from the gas,

figure 4.104d.

Stage 5 (100 hours)

A new outer sulphide layer II containing Fe, Ni, .S, and Ni,Fe
4,574,578 2

metallic particles formed. The other corrosion layers continued to

advance as before, figure 4.104e.

Stage 6 (500 hours)
Another outer sulphide layer III formed. This layer contained Ni352,

and Ni Fe. The outer sulphide layer IT still contained

oy iy 58g

Fe, sNi, (Sg
types of lamallae, (both now rich in Fe, Cr and Ni) and the NizFe

2
and NizFe. Outer sulphide layer I contained the two

metallic phase. Some of the oxide layer was still visible at the
original alloy surface. The mixed oxide/sulphide layer advanced
deeper into the alloy substrate. This layer still contained a large
amount of depleted alloy substrate. The zones of internal sulphide

precipitates, localised internal attack of the carbides and internal

carburisation were still present beneath the mixed oxide/sulphide
layer, figure 4.107f.
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In summary the sequence of events was essentially the same as for the
Model 25Cr-35Ni-Fe alloy. The only difference was that in the case of
HP4ONb a considerable amount of internal oxidation took place. This was
due to the MZBC6 carbides transforming to oxides and the stab(lizing
effect of Si on these oxides. The presence of the oxides tended to slow
down the rate of the corrosion process but the amount of attack was

still extremely severe.
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Phase Identified

Exposure (Intensity/Parameter R)

Tipe:s Senssssmraame -~ S A S = e e e e
Austenite NizFe Cr203 | M304 M788 MS Mssé MEFS N1352
5 mins 87/3.583 - 4/4.956-13,542 14/8,405 - - 7/9.960 - -
1 hr 53,51 - 2/4.96 -13.63 9/8.407 I =10 - 5/9.980 - -
5 hrs ~ 32/5.568 - - 32/3.48~5.78 - 27/10.005 - -
25 hrs ~ 40/3.562 - - - traces 20/10.003 - -
100 hrs B 15/3.561 - - - I =20 35/10.008 16/10.176 -
1000 hrs - 17/3.557 - - 15/3.44-5,77 - 24/10.005 16/10,171 -
Table 4.23

X~ray diffraction

analysis of HP40Nb exposed to the 0.6 % H,S gas at 800°C.

= QT =




Phase Identified

2

Exposure (Intensity/Parameter)
Time o e e T A T P st e s — ——
Austenite NizFe CrZO M304 M758 MS M384 958 Ni382
25 hrs - - 1/- - 10/- - 60/10.000 - -
100 hrs = = - 54/8.398  34/3.45-5.766 - 70/ 9.999 = -
500 hrs - - - 60/8.390 1/- - 60/ 9.989 - -
Table 4.24
X-ray powder diffraction data for the internal mixed oxide/sulphide layer formed on HP4ONb during exposure to the 0.6 %
0.6 Z H.,S gas at 800°C.

- 114 -
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Figure 4.101
Cross~sectional examination using the Pepperhoff technique for HP40Nb exposed to the 0.6 H?_S gas at 800°C.
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Figure 4.102
Diagram depicting the thickness of the various corrosion layers formed
on the HP4ONb during exposure to the 0.6 % H,S gas at 800°C.
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Cross-sectional examination using the Pepperhoff technique to compare
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to the 0.6 % H?S gas for 500 hours.
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Summary figure showing the corrosion behaviour of HP40ONb in the
0.6% H28 gas at 800° C
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4.2.3. HP4OAl in the 0.6 % H,S gas

e

The corrosion kinetics are presented in figure 4.105. This figure shows
that the weight uptake in the early stages was low, but as time
progressed the corrosion rate accelerated. Weight gains of 120 mg/cm?
were obtained in 1000 hours exposure. There was little difference
between the electropolished (EP) and 180 grit specimens. Although the
weight wuptake was considerable it was much less than the Model

25Cr-35Ni-Fe and HP4ONb alloys.

Examinations were carried out after 5 mins, 1 hour, 5 hours, 25 hours,

100 hours, 500 hours and 1000 hours.

5 mins

Cross-sectional examination using the Pepperhoff technique revealed that
the corrosion morphology consisted of 3 regions : an external oxide
scale, a zone of internal sulphide precipitates and some localized

sulphidation of the M.C carbides, figure 4.106a.

6
The oxide scale (8 pym thick) contained a number of sulphide particles.
X-ray diffraction using surface reflection confirmed that the scale was

predominantly a mixture of FeCrZO4 and Cr203, table 4.25.

The zone of internal sulphide precipitates was approximately (2-3 pm)
deep. The sulphide precipitates were small and the different colours
indicated that they contained varying amounts of Mn and Cr.

Some localised sulphidation of the M,C carbides had taken place (depth

6
17 ym). There was no sign of any localized attack of the MC and M23C6
carbides or carburization due to carbon injection from the gas at this

stage.

1 hour

Cross-sectional examination using the Pepperhoff technique showed that
the corrosion morphology now contained 5 regions : a new discontinuous

outer sulphide layer I, the oxide scale, the zone of internal sulphide
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precipitates, some localized sulphidation of the M ,C carbides and now

6
some localized oxidation of the M,,C,. carbides, figure 4.106b.

2376

The discontinuous sulphide layer I (upto 9 pm thick) contained two types
of lamellae, the lighter FeCrZS4 and the darker coloured (FexCry)7S8.
X-ray diffraction using surface reflection confirmed the presence of
M3S4 and MTSS'

The oxide layer (8 pum thick) had not changed and still contained a
number of sulphide particles. X-ray diffraction using surface reflection
confirmed that this layer was still a mixture of FeCr204 and Cr2 3
table 4.24.

The zone of internal sulphide precipitates had not changed (4 pm thick).

The M6C carbides had continued to sulphidize (depth 15 pgm). A

significant amount of localized oxidation of the MZBC6 carbides was now
commencing (depth 10 pm). The major proportion of these carbides had
transformed to oxide with some small sulphide particles also present.

The MC carbides had not been attacked.

5 hours

" es e e

Cross-sectional examination using the Pepperhoff technique showed that
the corrosion morphology consisted of the same 5 regions : the
discontinuous outer sulphide layer I, the oxide scale, a zone of
internal sulphide precipitates, some localized sulphidation of the M6C
carbides and some localized oxidation of the M, .C carbides,

2376
figure 4.106c.

The discontinuous outer sulphide layer I was now upto 20 pym thick and
contained some NizFe particles in addition to the FeCrZS4 and
(FeXCry)7S8 sulphide lamallae. X-ray diffraction wusing surface

reflection confirmed the presence these phases, table 4.24.

The (7 pm thick) oxide layer still contained a number of sulphide

particles. X-ray diffraction using surface reflection confirmed that



this layer contained M304 and Cr203. The lattice parameter of the oxide
spinel had increased slightly indicating that it now contained Mn in
addition to Fe and Cr.

The sulphides in the zone of internal precipitates had become larger and

tended to be concentrated in localized areas.

The MGC carbides had continued to be converted to sulphides (depth
18 pym) and the M23C6 carbides predominantly to oxides and a few
sulphides particles (depth 57 pm). The MC carbides had not been
attacked.
25 hours

PR R

Cross—-sectional examination using the Pepperhoff technique now showed
that the corrosion morphology consisted of 6 regions : the now
continuous outer sulphide layer I, the oxide layer at the original alloy
surface, a new discontinuous internal mixed oxide/sulphide layer, a zone
of internal sulphide precipitates, localized sulphidation of the Msc
carbides and localized oxidation of the M23C6 carbides, figure 4.106d.

The outer sulphide layer was now continuous (32 pm thick), figure 4.107.

This layer still consisted of FeCr and the more iron rich sulphide

5
lamallae which now had the composit;;:‘(FexCry)S instead of (FexCry)758.
The metallic NiZFe particles were still present and tended to be
situated either on the outer surface of the scale or in cracks and
pores within the scale. X-ray diffraction using surface reflection

MS and Ni,Fe and also detected a few

confirmed the presence of M3 4° 9

traces of M958.
The oxide scale at the original alloy surface had not changed and still

contained a number of sulphide particles.

A new discontinuous internal mixed oxide/sulphide layer had now formed.
This layer which was very uneven (upto 42 ym depth) appeared to consist
of a mixture of the sulphides formally present in the zone of internal
sulphide precipitates, sulphides formally present in the transformed M6C

carbides and the oxides and sulphides from the transformed M23C6
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carbides. The very fine porous structure of this layer made it difficult
to analyse but X-ray powder diffraction detected Cr203, M304 and M3 4°
table 4.26.

Internal sulphide precipitates were present in the alloy substrate
beneath the discontinuous internal oxide/sulphide layer. Some localized
sulphidation of the M6C and oxidation of the M C6 carbide precipitates

23
had continued to take place deeper in the alloy.

100 hours

Cross-sectional examination using the Pepperhoff technique revealed that
the corrosion morphology still consisted of the same 6 regions : the
outer sulphide layer I, the oxide layer at the original alloy surface, a
now continuous internal mixed oxide/sulphide layer, a zone of internal
sulphide precipitates, localized sulphidation of the M_C carbides and

localized oxidation of the M2306 carbides, figure 4.108.

6

The outer sulphide layer was now 60 um thick (figure 4.107) and still

contained the light coloured FeCr the dark coloured (FeXCry)S

S
270
sulphide lamallae and the metallic NizFe particles., X-ray diffraction
using surface reflection confirmed the presence of these phases and
again detected traces M988. '

The oxide layer at the original alloy surface was unchanged and still

contained a number of sulphide particles.

The internal mixed oxide/sulphide layer had now become continuous but
was still very uneven (upto 50 um deep). X-ray powder diffraction again
indicated that this layer was a mixture of MBSQ’ M3O4 and Cr203,
table 4.26, The fine porous nature of this layer made it difficult to
analyse by EPMA., X-ray mapping however indicated that the layer was rich
in Al, Si and Cr, figure 4.109.

A few sulphide precipitates were still present in the depleted alloy
substrate beneath the internal oxide/sulphide layer. The localized
attack of the MGC and M23C6 carbides was the same as before.



T

500 hours

R

Cross-sectional examination using the Pepperhoff technique showed that
the corrosion morphology now consisted of 7 regions : a new outer
sulphide layer II, the outer sulphide layer I, the oxide at the original
alloy interface, the internal mixed oxide/sulphide layer, a zone of
internal sulphide precipitates, localized sulphidation of the M6C
carbides, and localized oxidation of the M23C6 carbides, figure 4.108.

The new outer sulphide layer (upto 110 um thick) contained the dark
purple sulphide phase Fe4’5N14’588 and yellow NizFe particles. The
composition of these phases was confirmed by EPMA point analysis,
figure 4.110, and X-ray diffraction wusing surface reflection,

table 4.24.

Outer sulphide layer I (190 pm thick) still contained the 2 types of
sulphide lamallae. EPMA point analysis showed that the lighter (brown

coloured) 1lamallae were still FeCr but that the darker (purple)

S
lamallae were Feh,SNih,SSB and contiiied virtually no chromium. This
rather surprizing observation was also confirmed by X-ray diffraction
using surface reflection which detected only M354 and Mgss and no MS or
M758. The presence of M988 in this layer instead of MS or M758 was an
exception to an otherwise consistent trend so perhaps too much

significance should be attached to this result.

The oxide layer at the original alloy surface was now discontinuous and

contained a number of sulphide particles.

The internal mixed oxide/sulphide layer had only thickened slightly.
EMPA area analysis again showed that this layer was rich in Cr, Al and
Si, figure 4.110. X-ray powder diffraction indicated the presence of

Cr203, M 04 and M 54’ table 4.26.

3 3

The matrix beneath the internal mixed oxide/sulphide layer was almost
totally depleted in Cr and contained only about 25 % Fe. This resulted
in the matrix containing a relatively high proportion of Ni. As in the

case of shorter term exposures a small amount of internal sulphide
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precipitates were present in this zonme. Again localized sulphidation of

the M_C carbides had taken place and the M carbides transformed to

6 23%
oxides with some sulphide particles also present.

1000 hours

R R N R )

Cross-sectional examination using the Pepperhoff technique revealed that
the corrosion morphology now consisted of 8 regions : a new outer
sulphide layer III, outer sulphide layer II, outer sulphide layer I,
remains of the oxide layer at the original alloy surface, the internal
mixed oxide/sulphide layer, a zone of internal sulphide precipitates,
localized sulphidation of the M6C carbides and localized oxidation of
the M2366 carbides, figure 4.108.

Outer sulphide layer III (330 um thick) which appeared to have been
molten at the test temperature consisted of Ni3S2 (pink), Fed,SNid,SSS
(dark purple) and Ni,Fe particles (yellow). The composition of these

2

phases was confirmed by EPMA point analysis, figure 100. The Ni phase

S
32
was not present in sufficient quantities to be detected by ZX-ray
diffraction using surface reflection. This technique however did confirm

the presence of M988 and Ni Fe, table 4.25,

2

Quter sulphide layer IT had thickened considerably (240 pm) and

contained Fea SNi4 558 and NizFe particles. The composition of these
3 3

phases was confirmed by EPMA point analysis, figure 4.111.

Outer sulphide layer I (250 pm thick) still contained the two types of
sulphide lamallae and the metallic particles. EPMA analysis showed that
the lighter coloured (MBSA) lamallae now contained a considerably amount
of Ni in addition to Fe and Cr. The darker coloured (MS) lamallae

contained considerable quantities of Fe and Ni and less Cr.

Small amounts of the oxide layer were still wvisible at the original
alloy surface. X-ray diffraction using surface reflection identified

this as a mixture of Cr203 and MSOA' table 4.25,
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The internal mixed oxide/sulphide layer (240 um thick) had not thickened
to the same extent as the outer sulphide layers. EPMA analysis showed
that this layer was still rich in Cr, Al and Si but now also contained
an appreciable quantity of Fe.

Surprisingly the matrix beneath the internal oxide/sulphide layer did
not appear to be depleted in Cr and only slightly depleted in Fe. As
before a small amount of sulphide precipitates were present in the alloy

substrate. Localized sulphidation of the M,C carbides had taken place,

6

the carbides had transformed to oxides and some sulphide

"23%
particles.

Summary

The corrosion behaviour of HP40Al alloy in the 0.6 % H,S gas can be

2
summarised in a number of stages, figure 4.112.

- Stage 1 (5 mins)
Initially a mixed Cr203 and FeCr204 oxide layer formed which
contained a number of sulphide particles. Simultaneously a number of
small sulphide precipitates formed in the alloy substrate and some
localized sulphidation of the primary M6C carbides toock place,

figure 4.112a.

~ Stage 2 (1l hour)

A discontinuous outer sulphide layer I, containing FeCr and the

S
more iron rich (FexCry)758 lamallae, formed on top of ;;;Foriginal
predominantly oxide layer. The oxide layer, the zone of internal
sulphide precipitates and the localized sulphidation of the MGC
remained the same. Some localized attack of the primary M23C6
carbides took place. These carbides transformed predominantly to

oxides which also contained some sulphides, figure 4.112b.

-~ Stage 3 (5 hours)
The discontinuous outer sulphide layer I now contained metallic NizFe
particles in addition to the two types of sulphide lamallae. The rest

of the corrosion morphology was the same as before, figure 4.112¢c.
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Stage 4 (25 hours)

The outer sulphide layer was now complete and the oxide layer at the
original surface unchanged. A new discontinuous internal mixed
oxide/sulphide layer started to form. This layer appeared to consist
of a mixture of sulphides and oxides formally present in the zone of
internal sulphide precipitates and the transformed carbides. The zone
of internal sulphide precipitates and the localized sulphidation of
the M_C and oxidation/sulphidation of the M23C6 carbides continued to

6
take place beneath the internal oxide/sulphide layer, figure 4.112d.

Stage 5 (100 hours)

The internal mixed oxide/sulphide layer became continuous. This layer
which contained M3SA’ M304 and Cr203 was rich in Al, Si and Cr. It
would appear that the presence of this layer accounted for the
considerably lower weight gains of this alloy. The rest of the
corrosion morphology had advanced but structurally was the same as

before, figure 4.112e.

Stage 6 (500 hours)
A new outer sulphide layer IT formed which contained Fe and

Ni

4,505 558

,Fe metallic particles. The outer sulphide layer I consisted of

FeCr,S, lamallae and NizFe metallic particles. The more iron rich

lamail:e at this particular time were Fe4,5N14’588. The oxide layer
at the original alloy surface was now discontinuous and contained a
number of sulphide particles. The internal mixed oxide/sulphide layer
which was rich in Cr, Al and Si had not thickend significantly. A
small amount of internal sulphide precipitates were present beneath
the internal mixed oxide/sulphide layer. The localized attack of the

carbides continued as before, figure 4.112f.

Stage 7 (1000 hours)

A new outer sulphide layer III formed which contained Ni352,
Feﬁ,SNiA,SSS and metallic NizFe particles. This layer appeared to
have been molten at the test temperature. Outer sulphide layer II had
thickend but still contained Fe4,5N14,SSB and NizFe. Outer sulphide
layer T had thickend slightly. Both the M3S4 and MS sulphide lamallae

in this layer contained appreciable amounts of Ni in addition to Cr
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and Fe. Small amounts of Cr203/M304 oxide were still present at the
original alloy interface. The Cr, Al, Si rich internal mixed
oxide/sulphide layer had not thickend to the same extent as the outer
sulphide layers. This layer now also contained an appreciable amount
of Fe. The zone of internal sulphide precipitates and the localized

sulphidation of the M,C and oxidation/sulphidation of the M

6 23%
carbides continued to preceed the internal mixed oxide/sulphide

scale, figure 4.112g.

{ Thus it was concluded that the 3.5 % Al addition to this alloy led to
the formation of an internal Al rich mixed oxide/sulphide layer which
inhibited the inward diffusion of sulphur and slowed down the outward

diffusion of Cr, Fe and Ni. Corrosion was still very severe and followed

the same sequence of events as the HP4ONb alloy, but at a slower rate,

figure 4,103,




Phase Tdentified

X-ray diffraction data HP40Al exposed to the 0.6 Z H

2

S gas at 800°C.

Exposure (Intensity/Parameter &)
Time — e - R < =
Austenite NizFe CI'ZU3 M3O4 MTSB MS M3SA Mgss N1352
5 mins 197/3.578 - 2/4.961-13.,465 6/8.389 - - » - "
1 hr 65/3.579 - - 8/8.397 10/3.44-5.72 - 8/10.002 - -
5 hrs 91/3.569 - 3/4.96-13.55 7/8.411 16/3.44-5.68 - 9/10.002 - -
25 hrs - 47/3.566 - - - traces 17/10.020 traces -
100 hrs - 15/3.562 5/4.96-13.57 15/8.404 - I =10 33/10.001 traces =
500 hrs - - 12/4.96-13.59 20/8.367 - - 38/10.007 25/10.137 L
1000 hrs - - 21/4.96-13.57 29/8.377 - - 7/10,002 32/10.118 -
Table 4.25

- 92y -



Phase Identified

Exposure (Intensity/Parameter &)
Tiiig o rorr e e n e e e e e e = T e s e e T e e e e s e
Austenite NizFe Cr203 M3O4 M788 MS MSSA M988 N1352
25 hrs - - 5/- 10/- = = 10/- - 2
100 hrs - - 18/4.959-13,569 12/8.440 - - 60/10.018 - -
500 hrs - - 19/4.953-13.576 10/8.388 15/3,443-5,772 - 14/ 9.987 - -
Table 4.26

X-ray powder diffraction data for the internal mixed oxide/sulphide layer formed on HP40QAl during exposure to the 0.6 %

H,5 gas at 800°C.

= [Z% =
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Figure 4.105
Corrosion kinetics for HP40Al in the 0.6 % HZS gas at 800°C,
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Figure 4.106
Cross~sectional examination using the Pepperhoff technique for HP40OAl
exposed to the 0.6 % H,S gas at 800°C.
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Figure 4.107
Diagram depicting the thickness of the various corrosion layers formed
on the HP40Al alloy during exposure to the 0.6 7% HZS gas at 800°C.
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Cross-sectional examination using the Pepperhoff technique for HP40AL
exposed to the 0.6 % H,S gas at 800°C.
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Image

Figure 4.109

S gas at 800°C for 100
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EPMA analysis on HP40Al exposed to the 0.6% H 5 gas at 800 C for 500 hours.
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EPMA analysis on HP40Al exposed to the 0.6% H .5 gas at 800 C for 1000 hours.
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Summary figure showéng the corrosion behaviour of HP40ALl in the
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4.3, A PRELIMINARY INVESTIGATION ON ALLOY 8COH

A preliminary investigation was carried out on Alloy 800H which has very
good mechanical properties and often used in many high temperature
applications. This alloy is a 20Cr-33Ni-Fe alloy with minor additions of
0.37 %2 Si, 0.66 % Mn, 0.48 # Ti, 0,28 %Z Al and 0.06 Z C. The material
was supplied as wrought bar which was subsequently solution treated at
1150°C for 1 hour followed by water quenching. It had an equiaxed

structure with a grain size varying from 100-300 pm.

a) Sulphur-free gas

Kinetic data for the electropolished (EP) and 180 grit specimens are
presented in figure 4.113. The weight uptake of the electropolished
material (1 mg/cm?® in 4000 hours) was slightly higher than the 180 grit
material (0.7 mg/cm? in 4000 hours).

Electropolished (EP) condition

Replotting the kinetic data as weight gain squared against time
(figure 4.,114) showed that the corrosion rate progressively slowed down,
but was never parabolic. Structural analysis examinations were carried

out after 1 hour, 5 hours, 100 hours and. 2000 hours.

1 hour

LR )

X-ray diffraction using surface reflection detected M carbides and

C
2376
MnCr,0, particles on the alloy surface, table 4.27 and figure 4.115. The

presence of the carbides was confirmed by surface SEM.

5 hours

. ...

X-ray diffraction using surface reflection again detected MZBCé and

MnCrZO4 on the alloy surface, table 4.27 and figure 4,115.

100 hours

CRE I N R

X-ray diffraction using surface reflection now detected MnCr204 and

Cr203 with no trace of M2366’ table 4.27. The lattice parameter of the



- 437 -

spinel corresponded to MnCr2 40 figure 4.115 and that of Cr,0, to pure

2°3
Cr figure 4.116.

237

2000 hours

Cross—-sectional examination showed that the corrosion morphology
consisted of 4 regions : an oxide scale on the alloy surface, a zone of
internal oxidation, a zone of carburization and localized oxidation at

the grain boundaries, figure 4.117a.

The oxide scale was approximately 5 pm thick. An EPMA line scan
indicated that the scale consisted of 3 layers : an outer MnCr204 layer,
an intermediate Cr203 layer and an inner layer rich in Si and Cr,
figure 4.118. X-ray diffraction using surface reflection confirmed the
presence of MnCrZO4 and Cr203, table 4.27. The alloy substrate
immediately below the oxide scale contained only 14 % Cr, figure 4.118.

The zone of intermal oxidation contained a few isolated lenticular oxide
particles. X-ray mapping indicated that these were rich in Al,
figure 4.118.

A zone of M23C6 carbide precipitates (50 pym deep) was present beneath

the zone of internal oxidation.

Some localized oxidation (depth 70 pm) of the grain boundary carbides
had taken place. The EPMA line scan showed that these oxides contained
Si, Ti and Al, figure 4.118. X-ray mapping indicated that these oxides
were rich in Si, Ti and Al near the surface, Ti and Al deeper in the
alloy and only Al at the deepest point. In other words as the oxygen
activity decreased fewer oxides were thermodynamically stable. Carbides
were present at grain boundaries throughout the alloy, presumably formed

due to aging processes.

180 grit condition

The weight uptake was slightly lower than the electropolished specimens,

figure 4.113. The kinetic rate gradually decreased but never became
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parabolic, figure 4.119. Examinations were carried out after 100 hours

and 5000 hours.

100 hours

Cross-sectional examination showed that the corrosion morphology

consisted of an oxide scale and a zone of internal oxidation.

The oxide scale was relatively uniform (approximately 2 pm thick). X-ray
diffraction using surface reflection indicated that this layer contained
MnCr,0, and Cr203, table 4,28, The Cr203 lattice parameter value was

24
slightly higher than would be expected for pure Cr The lattice

2%
parameter of the oxide spinel was quite large indicating a high

concentration of Mn, figure 4.115.

The internal oxidation zone (-5 pm deep) contained a few isolated
lenticular looking oxide particles. There was no sign of carburization

at the result of carbon injection from the gas.

At this stage the grain boundaries in the alloy contained some carbide
precipitates formed as the result of aging processes. There was no sign

of any localized internal oxidation at the grain boundaries.

5000 hours

O R R R A B I

Cross-sectional examination showed that the corrosion morphology now
consisted of 3 regions : the oxide scale, the internal oxidation zone
and some localized oxidation of the grain Dboundary -carbides,

figure 4.117b.

The oxide scale was rather uneven (approximately 5-7 pm thick). X-ray
diffraction analysis using surface reflection confirmed that this scale
still contained Cr203 and MnCrZOA, table 4.28. The Cr203 lattice
parameter value had increased slightly, figure 4.116, but the M304
lattice parameter value was unchanged (figure 4.115). It was stongly
suspected that the oxide scale also contained an inner Si rich layer, as
seen in the case of the electropolished specimens. No EPMA analysis was

carried out to confirm this.
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The zone of internal lenticular oxide particles was now 10 pm deep.
Although not identified specifically these particles had the same
morphology as the A1203 particles identified in the HP40Al alloy.

Localized internal oxidation of the grain boundary carbides had occurred
to depths of up to 80 um. Apart from the carbides at the grain
boundaries which were presumably present due to aging processes, mno

carburization had occurred due to carbon injection from the gas.

Summarz

The corrosion behaviour of Alloy 800H in the sulphur-free gas is

summarized in figure 4.120.

In the case of the electropolished material M23C6 and MnCr204 nucleated
on the alloy surface in the initial stages, figure 4.120a., These
subsequently grew to form a complete surface layer, figure 4.120b. The
surface carbides were then converted to oxides, with the carbon released
diffusing into the alloy substrate. The surface layer at this stage
consisted of a mixture of MnCrZO4 and Cr203,
term exposures this surface scale separated into an outer MnCrZO4 layer

figure 4.120c. After long

and an inner Cr203 layer, figure 4.120d. An internal SiO2

form, but the alloy contained insufficient Si for this layer to be

layer tried to

complete. The internal layer which did form therefore consisted of a
mixture of 5102 and Cr203 formed from the transformed carbides. This
allowed a small amount of carbon ingress from the gas to take place. The
most significant feature was, however, the localized oxidation of the
grain boundary carbides. These oxides were rich in Al, Ti and Si near
the surface, Al and Ti deeper in the alloy and only Al at the deepest
point of attack. In other words as the oxygen activity decreased fewer

oxides were thermodynamically stable. A few lenticular A1203 particles

also formed in the alloy substrate.

The corrosion process was similar for the 180 grit material, figure 102e
and f. In this case surface working assisted the formation of the inner
Si0, layer which slightly reduced the outward cationic diffusion and

2
ingress of carbon into the alloy substrate.
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b) 0.2 Z H,S gas

Kinetic data for the electropolished and 180 grit specimens are
presented in figure 4.121., In the first 1500 hours there was little
difference between the weight uptake of the two surface finishes
(0.8 mg/cm? in 1500 hours). After this time the kinetics of the 180 grit
material increased rapidly. Only a slight upturn occurred with the

electropolished material.

Electropolished (EP) condition

Replotting the kinetic data as weight gain squared against time
(figure 4.122) showed that initially the corrosion rate was quite high
and then progressively slowed down. Between 600 and 1500 hours the rate
was fairly constant but not parabolic and after 1500 hours a significant
increase in the corrosion kinetics occurred. Examinations were carried

out after 5 minutes and 5000 hours.

5 minutes

X-ray diffraction using surface reflection detected Cr,0, and MnCr,O

2Y3 240n

the surface of the alloy, table 4.29.

5000 hours

Cross-sectional examination revealed that the corrosion morphology
consisted of 3 regions : an outer scale, a zone of internal sulphide
precipitates and localized attack at the grain  boundaries,
figure 4.123a.

The outer oxide scale in general was fairly even (5-7 pm thick) but in
areas above grain boundaries the oxide was much thicker (15-30 pm) and
contained a number of small sulphide particles. An EPMA line scan taken
through the scale in one of these areas indicated that the oxide scale

consisted of an outer (Mn,Fe)Cr204 layer and an inner Cr layer,

0
2°3
figure 4.124, X-ray diffraction using surface reflection confirmed the

42 FeCrZOA and Cr

presence of MnCr20 table 4.29, There was no

237
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evidence of an inner Si rich layer. A few internal chromium sulphide
precipitates were present in the alloy substrate. The depleted alloy

substrate contained only 9 % Cr.

The major feature was however the massive amount of localized internal
attack at the grain boundaries (up to 300 um deep). This localized
attack consisted of a mixture of oxides and sulphides. Near the alloy
surface the attack consisted of a mixture of oxides and sulphides with
a large number of the plate like particles in the alloy substrate. An
EPMA line scan taken through one of these areas indicated that the plate
like particles where rich in Al, figure 4.125. The localized attack
contained Ti, Cr and Si and Al rich oxides at the edges and chromium
sulphides in the middle, figure 4.123, Deeper into the alloy the Al rich
plate like oxide particles were not visible, but the internal attack
still consisted of mixed oxides and sulphides. Even further into the
alloy only sulphide particles were present. These appeared to be
advancing by attacking the grain boundary carbides. There appeared to be
a small amount of carburization of the alloy substrate due to carbon

injection from the gas.

180 grit condition

Replotting the kinetic data as weigﬁt gain squared against time
(figure 4.122) showed that the initial corrosion rate was quite high,
but then progressively slowed down. Between 500 and 2500 hours the rate
was constant, but after 2500 hours a significant upturn in the kinetics

occurred.

Examinations were carried out after 5 minutes, 1 hour, 5 hours, 100

hours and 2000 hours.

5 minutes

)

203 and M304 on

the surface of the alloy, table 4.30. The Cr203 lattice parameter value

figure 4.116, and the MBOA lattice

X-ray diffraction using surface reflection detected Cr

corresponded to that of pure Cr203,

parameter value indicated that the oxide spinel was MnCr

figure 4.115.

2742
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1 hour

X-ray diffraction using surface reflection again detected Cr203 and M304

on the alloy surface, table 4.30.

5 hours

X-ray diffraction using surface reflection now detected M_,S, in addition

34
to Cr203 and M304, table 4.30.

100 hours

Cross-sectional examination showed that the <corrosion morphology
consisted of 3 regions : an oxide scale, a zone of internal sulphidation

and some localized attack at the grain boundaries, figure 4.126.

The oxide scale was rather uneven (~7 um thick) and contained a number
of sulphide particles. An EPMA line scan taken through the scale showed
that it was starting to consist of 3 layers : an outer (Mn,Fe)Cr204
layer, an intermediate Cr203 layer and an inner layer rich in Cr, Si and

Al, figure 4,118, The intermediate Cr20 layer contained a number of

3
chromium sulphide particles.

The EPMA line scan and X-ray mapping confirmed that the internal
sulphide precipitates were chromium sulphides. The alloy substrate
immediately beneath the oxide scale contained only 10 % Cr,
figure 4.127.

Some localized attack of the grain boundaries was starting to take
place. At this stage this consisted of the grain boundary carbides
transforming to sulphides. There was no sign of any localized internal
oxidation. Deeper in the alloy the grain boundaries had carburized. This

was mainly attributed to aging processes in the alloy.

500 hours

LR Y

Cross—-sectional examination showed that the corrosion morphology
consisted of an oxide scale, a zone of internal sulphide precipitates

and some localized attack at the grain boundaries, figure 4.126.
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The oxide layer and zone of internal attack were similar to the specimen
exposed for 100 hours. The major change was however the increase in the
depth of localized attack. At the deepest point of attack the sulphur
appeared to be attacking the grain boundary carbides to form
predominantly chromium sulphide precipitates. Nearer the surface these
sulphides were themselves starting to transform to oxides. Semi-

quantitative EDAX analysis indicated that some of these oxides were rich
in Ti, figure 4.128.

2000 hours

Cross-sectional analysis showed that the corrosion morphology still
consisted of the oxide scale, the zone of internal sulphide precipitates
localized attack at the grain boundaries and a =zone of internal

carburization, figure 4.123b.

In general the oxide scale was ~ 6-7 pym thick. However localized
thickening of the oxide had occurred above the grain boundary areas. In
these places the oxide was up to 30 pm thick. An EPMA line scan taken
through one of these areas showed that the oxide scale was a mixture of
Cr203 and (Fe,Mn)CrZOA,
surface reflection confirmed the presence of Cr

figure 4.129, X-ray diffraction analysis using
2O3 and M304, table 4.30.
The lattice parameter of the M304 spinel indicated that it had the
composition FeCrZOA, figure 4.115. The Cr203 lattice parameter
corresponded to that of pure Cr203, figure 4.116. Some sulphides were
still present in the oxide scale. There appeared to be some evidence
from the EPMA line scan for an inner Si rich layer in the scale but
unfortunately an artifact obscured this area. X-ray mapping (not shown)
also indicated the presence of Si in this region but showed that the

layer was certainly not complete.

A number of internal sulphide precipitates were still present in the
alloy substrate beneath the oxide scale. The Cr level in this region was

only 8 Z%.

The major feature was however the amount of localized internal attack at
the grain boundaries (up to 200 pm deep). Near the surface the attack

consisted of a mixture of oxides and sulphides with a large number of
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plate like particles in the alloy substrate. An EPMA line scan taken
through one of these areas indicated that the localized attack contained
Ti, Cr, Si rich oxides at the edges and chromium sulphides in the
middle, figure 4.130. The plate like particles were rich in Al. Deeper
in the alloy the internal attack consisted of mixed oxides and sulphides
but the plate like precipitates were not visible. Even deeper in the
alloy only sulphide precipitates were present. These appeared to be
advancing by attacking the grain boundary carbides. There also appeared
to be a significant amount of internal carburization taking place deeper

in the alloy.

Summarz

The corrosion behaviour of Alloy 800H in the 0.2 7% H,S gas is summarized

2
in figure 4.131. The sequence of events for the 180 grit material can be

divided into a number of stages.

- Stage 1 (5 mins)
Cr203 and I*“.[t'n('.h.",ZO[i nucleated on the alloy surface, figure 4.131a.
- Stage 2 (1 hour)

The Cr203 and MnCr204 grew to form a complete surface layer,
figure 4.131b.

- Stage 3 (5 hours)
Sulphides formed on top of this layer and in the alloy substrate,

figure 4.131c.

- Stage 4 (100 hours)
The oxides overgrew the sulphides to form a scale consisting of an

outer (Mn,Fe)CrZO4 layer and an inner Cr layer which contained the

0
2"3
former sulphide growths, figure 4.131d. Internal sulphide precipi-
tates prevented an internal 5102 layer from forming. Instead a discon-

tinuous layer containing Si0O Cr,0, and Cr-rich sulphides formed.

x? 253
The grain boundary carbides started to transform to sulphides.
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- Stage 5 (500 hours)
A significant increase in the amount of localized attack of the grain
boundaries took place. The grain boundary carbides transformed to

sulphides which subsequently transformed to oxides.

- Stage 6 (2000 hours)
After approximately 1500 hours a significant increase in the
corrosion rate occurred. This corresponded to a dramatic increase in
the amount of localized internmal attack of the grain boundaries,
figure 4.13le. It appeared that this was associated with localized
Cr-depletion of the alloy substrate and the stabilizing effect of Ti
and Al on oxides in the transformed carbides. Localized thickening of
the scale above these areas occurred due to the release of excess
metal from the transformed carbides. Some isolated A120 and M23C6

3
particles also formed in the alloy substrate.

The corrosion process was similar for the electropolished material,
figure 4.131f and g. In this case fewer sulphides formed which placed
less demand on the chromium reservoir in the alloy. This delayed the

onset of breakaway corrosion.

It was concluded that the low Cr-content of this alloy led to the amount
of Cr in the depleted substrate reaching a critical level after shorter
exposure times than for other alloys. This led to a considerable amount
of localized attack of the grain boundary carbides, initially by sulphur
and then by oxygen. The process was assited by the stabilizing effect of
Ti and Al on the internal oxides.

¢) 0.6 Z H,S gas

The corrosion kinetics are presented in figure 4.131. This figure shows
that the weight gains were very high (350 mg/cm? in 1000 hours) and that
there was no significant difference between the electropolished and 180

grit specimens.

Examinations were carried out after 5 mins, 1 hour, 5 hours, 25 hours,

100 hours, 500 hours and 1000 hours.
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5 mins

R ]

Cross-sectional examination using the Pepperhoff technique revealed that
the corrosion morphology consisted of 3 regions : a discontinuous outer
sulphide layer I, an oxide layer at the original alloy surface and a

zone of internal sulphide precipitates, figure 4,133,

The discontinuous sulphide layer I (up to 5 pum thick) contained the
FeCrzsa and (FexCry)7S8 lamallae. X-ray diffraction using surface
reflection confirmed the presence of M3SA’ table 4.31,

The oxide scale (4 um thick), at the original alloy surface, contained a
number of sulphides particles. X-ray diffraction wusing surface

reflection confirmed that the oxide was a mixture of Cr20 and FeCrZO

3 4°
The zone of internal sulphide precipitates in the alloy substrate was
approximately 3 um deep. The different blue and brown colours indicated

that the precipitates were mixture of Mn and Cr sulphides.

1 hour

TR

Cross-sectional examination using the Pepperhoff technique showed that
the corrosion morphology still consisted of 3 regions : a discontinuous
outer sulphide layer I, an oxide layer at the original alloy surface and

a zone of internal sulphide precipitates, figure 4.133.

The discontinuous sulphide layer I (up to 5 pm thick) still contained

il
confirmed by X-ray diffraction using surface reflection, table 4.31.

the FeCr,S, and (FexCry)7S8 lamallae. The presence of these phases was

The oxide layer (5 pm thick) was similar to before and still contained a
number of sulphide particles. X-ray diffraction using surface reflection

now detected only FeCr204 and no Cr203, table 4.31.

The internal sulphide precipitates had advanced deeper (10 pm thick)

into the alloy substrate.
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5 hours

LR

Cross—-sectional examination using the Pepperhoff technique showed that
the corrosion morphology now consisted of 3 regions : a discontinuous
outer sulphide layer I, an oxide layer at the original alloy surface and
a zone of internal mixed oxidation/sulphidation in the depleted alloy

substrate, figure 4.133.

The discontinuous outer sulphide layer I (up to 55 um thick) now
contained NiZFe metallic particles in addition to the FeCrZS4 and
(FexCry).l.S8 lamallae. X-ray diffraction wusing surface reflection

confirmed the presence of M758 and M384.

The oxide layer (5 um thick) was similar to before and still contained a

number of sulphide particles.

The internal Cr rich sulphide precipitates had advanced deeper into the
alloy and a substantial amount of internal oxidation had also taken
place. This =zone (50 pm deep) containing the sulphide and oxide
precipitates formed a mirror image of the discontinuous outer sulphide

layer I.

There was no sign of any internal carburization at this stage.

25 hours

LR )

Cross-sectional examination using the Pepperhoff techique showed that
the corrosion morphology now consisted of 5 regions. The now continuous
outer sulphide layer I, the remains of the oxide layer at the original
alloy surface, a new internal predominantly sulphide layer, the zone of
internal mixed oxidation/sulphidation in a depleted alloy substrate and

a zone of carburization, figure 4.133.

The outer sulphide layer I which was now continuous and 155 um thick,
still consisted of the two types of sulphide lamallae and the metallic

NizFe particles. X-ray diffraction using surface reflection confirmed

the presence of M3S4 and NizFe but indicated that the other lamallae
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were now M9S8 instead of M7SB' The oxide layer at the original alloy

surface had now started to break up.

The sulphide precipitates just beneath the oxide layer had grown at
coalesced together to form a continuous internal predominantly sulphide
layer (40 um thick). This layer appeared to contain the same two types
of sulphide present in outer sulphide layer I and the oxides which were
formerly present in zone of internal mixed sulphidation/oxidation. There
were only a few very small isolated patches of depleted alloy substrate

in this layer.

The zone of internal mixed oxidation/sulphidation had advanced deeper
into the alloy and was now 115 pm thick. The oxidation/sulphidation
front appeared to be advancing into the alloy by firstly attacking
grain boundary carbides and twin boundaries followed by more generalized
attack of the alloy substrate.

A zone of carburization containing small M carbide precipitates was

G
2376
visible beneath the zone of internal mixed oxidation/sulphidation.

100 hours

Cross-section examination using the Pepperhoff technique now showed that
the corrosion morphology consisting of 6 regions. A discontinuous outer
sulphide layer IIT, outer sulphide layer I, the remains of the oxide at
the original alloy surface, the internal predominantly sulphide layer,
the zone of internal mixed oxidation/sulphidation in a depleted alloy

substrate and the zone of carburization, figure 4,133,

In some places blisters of outer sulphide layer III had started to form

4,5N14,558’ NizFe and Ni382.

The presence of these phases was confirmed by X-ray powder diffraction,

(up to 650 pm thick). These consisted of Fe

table 4.31. There appeared to be no sign of an outer sulphide layer II
at this stage.

Outer sulphide layer I (now 335 pm thick) still consisted of the two

types of sulphide lamallae and the metallic Ni,Fe particles. X-ray

2

powder diffraction confirmed the presence of M354 and MS in this layer.
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Semi-quantative EDAX analysis confirmed that the lamallae were still
FeCrZS4 and (FexCry)S and the metallic particles N12Fe.
A few traces of the oxide layer were still visible at the original alloy

surface.

The internal predominanatly sulphide layer (155 um thick) sill consisted
of the same two types of sulphide present in outer layer 1 some oxide
particles and a few metallic particles. Semi-quantative EDAX analysis

confirmed that the sulphides in this layer were rich in Cr and Fe.

The zone of internal mixed oxidation/sulphidation had advanced deeper
into the alloy and was now 180 pm thick. This zone contained the same
oxide and sulphide phases as before. Semi quantative EDAX analysis
indicated that the sulphides were rich in Cr and Fe and the oxides rich
in Cry, Al, Si and Ti. The zone of carburization was now 50 pym deep and

contained a higher density of M2306 precipitates.

500 hours

LI B B B B I I

Cross—gectional examination using the Pepperhoff technique revealed that
the corrosion morphology now consisted of 7 regions : outer sulphide
layer 111, outer sulphide layer II, outer sulphide layer I, the remains
of the oxide layer, the internal predominantly sulphide layer, the zone
of internal mixed oxidation/sulphidation in a depleted alloy substrate

and a zone of carburization, figure 4.133,

4,5N14,588’ Ni3S2 and

NizFe. This layer was complete but had variable thickness and appeared

Outer sulphide layer ITI still consisted of Fe
to have been molten at the test temperature.

Outer sulphide layer II was now clearly visible (535 wm thick) and
contained Fe4’5NiA’5S8 and leFe.
Outer sulphide layer I (625 ym thick) contained the two types of

sulphide lamallae and the metallic Ni, Fe particles. Semi-quantative EDAX

2
analysis indicated that both these lamallae now contained significant

amounts of Ni in addition to Cr and Fe.
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A few traces of the oxide layer were still present at the original alloy

surface.

The internal predominantly sulphide layer (1000 ym thick) as before
contained a mixture of the same two types of FeCr rich sulphides, some

oxlde particles and a few metallic particles.

The zone of internal mixed oxidation/sulphidation had advanced deeper
into the alloy and was now 250 pm thick. This zone contained the same

oxide and sulphide phases as before.

The zone of carburization was now 150 ym deep and contained an even

higher density of M C6 precipitates.

23

1000 hours

“ 48 808 s a0

Cross—sectional examination showed that the same 7 regions were present
but that only a small amount of the alloy remained unattacked. It was
concluded that this specimen did not give a true picture of the
corrosion process and that the examination after 500 hours was

representative of the final microstructure in the sequence.

Summary

The corrosion behaviour of Alloy 800H in the 0.6 % HZS gas can be

summarized in a number of stages, figure 4.134.

- Stage 1 (5 mins)

Initially a FeCr204/0r20 oxide layer formed on the alloy surface.

This oxide layer con;iined a number of sulphide particles.
Simultaneously a number of small Cr and Mn rich sulphide precipitates
formed in the alloy substrate. In some places a discontinuous outer
sulphide layer I started to form on top of the oxide. This sulphide

layer consisted of FeCr S4 and (FeXCry)7S8 lamallae, figure 4.134a.

2
Stage 2 (5 hours)
The discontinous outer sulphide layer I grew quickly and started to

contain metallic NiZFe particles in addition to the FeCrZS4 and
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(FeXCry).},S8 sulphide lamellae. A zone of internal mixed
oxidation/sulphidation formed. This zone contained the former
sulphide precipitates in addition to a significant amount of internal
oxide particles. The oxide layer containing a number of sulphide
particles at the original alloy surface was relatively unchanged,

figure 4,134b.

State 3 (25 hours)

The outer sulphide layer I continued to thicken. The oxide layer at
the original alloy surface started to break up. An internal
predominantly sulphide layer started to form. This layer contained
enlarged FeCr rich sulphides and some oxide particles. The zone of
internal mixed oxidation/sulphidation was now present deeper in the
alloy. Below this some carburization of the substrate was starting to

take place, figure 4.134c.

Stage 4 (100 hours)

4,5V4,558 M35,
and NizFe started to form. Outer sulphide layer I still contained

FeCr.S (FexCry)7S8 and Ni_Fe. The original scale layer had

Blisters of outer sulphide layer III containing Fe

compietely broken up. The int:;nal predominantly sulphide layer had
advanced deeper into the alloy but sill consisted of FeCr rich
sulphides and oxides rich in Cr, Al,” Si and Ti . The zone of mixed
oxidation/sulphidation in a depleted alloy substrate had advanced
deeper into the alloy. The sulphide precipitates in this zone were
rich in Cr and Fe and the oxide particles rich in Cr, Al, Si and Ti.
The density of M23CG precipitates in the carburization zone had
increased, figure 4.134d.

Stage 5 (500 hours)

The external sulphide scale now consisted of 3 layers : outer
sulphide layer ITI containing Fe&,SNiA,SSS’ N1382 and NizFe, outer
sulphide 1layer II containing Fe4,5N14’558 and NizFe, and outer
sulphide layer I containing the two types of sulphide lamallae now
both rich in Ni and well as Fe and Cr. The metallic NizFe particles
were also present in outer sulphide layer I. Only traces of the
original oxide layer remained. The internal predominantly sulphide

layer had increased dramatically but still consisted of the FeCr rich
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sulphides with some Cr, Al, Si, Ti rich oxides also present. The zone
of mixed oxidation/ sulphidation in the depleted alloy substrate was
similar to before. The M,,C, carbide density in the carburization

2376
zone had continued to increase, figure 4.134e.

Thus in summary the corrosion sequence was very similar to the Model
25Cr-35Ni-Fe alloy. The low Cr level of this alloy led to blistering
after slightly shorter exposure times. The presence of Al, Si and Ti in
this alloy promoted the formation of oxides in the internal layers of

the corrosion attack. This slightly reduced the corrosion rate.
d) 2.0 % H2§

The corrosion kinetics are presented in figure 4.135. This figure shows
that the increasing the sulphur level in the gas from 0.6 % to 2.0 % HZS
(i.e. the p52 by one order of magnitude) increased the weight uptake by

about a factor of four for a given exposure time.

Cross—-sectional examination using EDAX semi-quantitative analysis on a
specimen exposed for 22.5 hours showed that the corrosion morphology
consisted of 4 layers : outer sulphide layer IT, ocuter sulphide layer I,
an internal sulphide/oxide layer and a zone of internal carburization,
figure 4.136.

4,5Nlé,538 and N12Fe

metallic particles. Outer sulphide layer I contained (FeXCry)S sulphide

Outer sulphide layer II consisted of a mixture of Fe

lamallae and the NiZFe metallic particles. The internal sulphide layer

contained Fe, Cr rich sulphides and a few oxide particles. A few M23C6

carbides were present in the alloy substrate.

It was therefore concluded that the corrosion process proceeded in a

similar manner but at a faster rate than in the 0.6 % st gas.




Exposure Phases Identified
time (Intensity/Parameter A)
Austenite Cr203 M304 MBS4 MZBCG MC
e e e Tl e B e B
1 hour 110/3,602 - 4/8.435 - 13/10.580 -
5 hours 11373.591 - 12/8.458 - 6/10.595 -
100 hours 337/3.583 10/4.948-13.654 21/8.432 - - -
2000 hours 60/3.580 12/4,984-13.640 30/8.455 - - -

=BG =

Table 4.27
X-ray diffraction analysis for Alloy 800H exposed to the sulphur-free

condition.

gas at 800°c. Electropolished




Phases Identified

(Intensity/Parameter A)

Cr203 M304 M3S4
19/4,973-13.682 15/8.480 =
17/4.983-13.638 26/8.482 -

MC

Exposure
time
Austenite
100 hours 148/3.584
2000 hours -
5000 hours 61/3.583
Table 4.28

X-ray diffraction analysis

condition,

for Alloy 800H exposed to the sulphur-free gas at 800°C. 180 grit

- %Gh -



Exposure Phases Tdentified
time (Intensity/Parameter A)
Austenite CrZOB M304 M354 M23C6 MC
5 mins 310/3.587 2/4.967-13,512 2/8.4624 - - -
1 hour = = = = # -
5 hours = = = = - -
100 hours = = a = - -
2000 hours - - - - - -
5000 hours 27/3.586 17/4.987-13.638 25/8.485 - - -
and
21/8.426
Table 4.29
X-ray diffraction analysis for Alloy 800H exposed to the 0.2 % H,S gas at 800°C. Electropolished

condition.

2
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Exposure Phases Identified
time (Intensity/Parameter A)
Austenite Cr203 MBOQ M3S4 M23C6 MC
5 mins 204/3.587 6/4.951-13.597 6/8.419 - - -
| 1 hour 104/3.590 3/4.950-13.,601 11/8.401 - - -
|
| 5 hours 100/3.593 6/4.954-13.601 5/8.419 4/9.974 - -
|
\ 100 hours - - - = = = i
£~
wun
(=)
2000 hours 51/3.592 14/4.961-13,619 24/8.398 - - - A
5000 hours - - - - - -
Table 4.30

X-ray diffraction analysis for Alloy 800H exposed to the 0.2 % HZS gas at 800°C. 180 grit condition.




Phase Identified

Exposure (Intensity/Parameter R)
A e T e e e e e e e i et At i e
Austenite NizFe Cr203 M304 M758 MS MBS& M988 Ni352
5 mins 110/3.586 - 3/4.939-13,.633 10/8.398 - - 7/9.975 - -
1 hour 58/3.592 - - 4/8.409 29/3.45-5.76 - 3/9.914 - -
5 hours 25/3.570 - - - 34/3.46-5.81 - 18/10.005 - -
\
| 25 hours - 40/3.566 - - - - 15/9.984 12/10,145 -
‘ I
100 hours = = - - - I =10 17/10.005 70/10.121 - &
~1
I
1000 hours = o - - - - 20/9.991 43/10.104 -
Table 4.31

X-ray diffraction analysis for Alloy 800H exposed to the 0.67% st gas at 800°c.



Alloy 8BOH, PO2=10-2lbar, aC=0.3, 808degC.
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Plots of weight gain squared against time for the Alloy 800H and the Model 25Cr-35Ni-Fe alloy in the
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Plots of Cr,0, lattice parameter against time for Alloy 800H exposed to the sulphur-free and

0,27 HZS gased at 800°c.
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Alloy 800H S-free 800 deg.C

oxides

\carbides

a) 2000 hours EP 20um

b) 5000 hours 180 20um

Figure 4.117

Cross-sectional metallographic examination of Alloy 800H
exposed to the sulphur-free gas at 800°C.

a) Electropolished condition 2000 hours

b) 180 grit condition 5000 hours




' line scan

Figure 4.118
EPMA line scan and elemental concentration maps for Alloy 800H exposed
to the sulphur-free gas at 800°C for 2000 hours.
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Figure 4.119

Plots of weight gain squared against time for Alloy B00H, Model 25Cr-35Ni-Fe and HP4ONb exposed to

the sulphur-free gas at 800°C, 180 grit condition.
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Alloy 800H, S-free gas, 800°C.
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Figure 4.120

Summary figure for the corrosion
sulphur-free gas at 800°C.

behaviour of Alloy 800H in the

hrs.



Weight Gain (mg/cm2)

Al loy 80BH, P02=10-21bar, aC=0.3, 800degC.

Figure 4.121
Kinetic data for Alloy 800H exposed to the sulphur-free and 0.27 H

2

S gases at 800°c.
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Alloy BOOH, 0.2% H_S, 800 deg. C

2

a) 2000 hours 180 50 pm

X Sy LA
g‘.';f‘ [+ TN me b wi ™~ oxides/
il sulphides
"
.;’
*
- \ i
p
A i
¢ i sulphides
} : - - carbides
b) 5000 hours EP 50 pm

—

Figure 4.123

Cross-sectional metallographic exagination of Alloy 800H
exposed to the 0.27 st gas at 800 C.




Figure 4.124

EPMA line scan on Alloy 800H exposed to the 0.2 % H,S gas at 800°C
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 Figure 4.125

EPMA line scan on an area of localized attack in Alloy 800H exposed to
the 0.2 % HZS gas at 800°C for 5000 hours, electropolished (EP)
condition.
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Figure 4.126
Cross-sectional metallographic examination of Alloy 800H exposed to

0.2 % H,S gas at 800°C, 180 grit condition.
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Figure 4.127

EPMA line scan and elemental concentration maps for Alloy 800H exposed
to the 0.2 % H,S gas at 800°C for 100 hours, 180 grit condition.



- 473 -

E.P.M.A. of Alloy BOOH specimen
N exposed for 500 h in 0.2% H,S

‘. =~containing atmosphere at 800%C
\
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Figure 4.128
EDAX analysis on Alloy 800H exposed to the 0.2 % st gas at 800°C for
500 hours, 180 grit conditionm,
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Figure 4.129
EPMA line scan on Alloy 800H exposed to the 0.2 % H,S gas at 800°C for
2000 hours, 180 grit condition.
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Figure 4.130
EPMA line scan on
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Corrosion kinetics for Alloy 800H in the 0.67% HZS gas at 800°C.
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Figure 4.133

Diagram depicting the thickness of the various corrosion layers formed
on Alloy 800H during exposure to the 0.6 % H,S gas at 800°cC.
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Figure 4.134

Summary figure showing the corrosion morphology of Alloy 800H in the

0.6% H,S gas at 800°cC,
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Corrosion kinetics for Alloy 800H in the 0.67 and 2.0% H
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5. DISCUSSION

The results and their interpretation were summarised at the end of each
section in the pfevious chapter. 'In this chapter the various points
emerging from the results will be discussed and the findings of this
study compared with present knowledge. The first three sections of the

discussion deal with the corrosion mechanism in:

(i) .The sulphur-free gas
(ii) The low-sulphur containing gas (0.2% HES)
{iii) The high-sulphur containing gas (0.6% HZS)

In each section the corrosion mechanism of the simple Model 25Cr--35Ni-Fe
alloy will be considered first, followed by an examination of the effect
of minor alloying additions on this mechanism. The fourth and final
section recommends the best alloys and surface finishes for the

appropriate industriai operating conditions.

5.1, BSULPHUR-FREE GAS

Chromia nucleation and growth

The Cr_ 0, scale formed on the Model 2Z5Cr-35Ni~Fe alloy grew at the rate

273
of 5.6 x 10_5 mgzcmudh_l {1.6 x lO'_14 gacm_4sec_l) for the eleciro-

polished material and 2.8 x 10_4 mgzcm_4hul (7.8 x 10“14 g2cmndsec—l)
for the 180 grit material. Both these rates are slightly lower than
published data (lO-11 to 10—13 gzcm_4sec_l) for birary Cr-coataining
alloys under purely oxidising conditions, reviewed by Hindam and Whittle
(45), figure 2.30b. This is not really surprising in view of the fact
that this study was concerned with a gas having a low partial pressure
of oxygen (pO2 = lO“2l bar} and long term exposures (up to 5000 hours}.
Much of the published data was obtained at much higher p02's, where
oxides of Fe and Ni are thermodynamically stable, and for short exposure
periods, of a few minutes to a few hours, where the corrosion rate is

often at its maximum value.

Perhaps the most important point, however, to explain the difference in
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parabolic rate constants obtained in this study and those in the

published data is that Cr203 formed in low pO2

semiconductor with the majority defects chromium insterstitials, whereas

environments is an n-type

Cr_0., formed in high p0, environments is a p-type semiconductor with
23 2 (29, 43-48)
the majority defects chromium vacancies ! . Inspection of
figure 2.22 clearly shows that theoretical parabeolic rate constants (at
i, . .
10009¢C) for the Cr intersﬁyal model (low p02 envirconments) are consider-
ably lower than for the Cr wvacancy model (high p02 environments). The
reader is referred back to section 2.2.1 for a full description of these

models.

In this study the parabelic rate constants was approximately one order
of magnitude higher for the 180 grit material than for the electro-
polished material. This was because grinding the material on 180 grit

5iC paper produced:

(i) A much rougher uneven surface which increased the surface area

of the alloy in contact with the gas.

{(ii) A high concentration of defects in the surface which provided

many more pnucleation sites for oxide particles.

(iii) A worked layer (2-4 um deep) which recrystallised on heating to
the test temperature creating a very finé.grain structure in the
surface regions of the alloy. This produced a high concentration
of grain boundaries which provided high diffusivity paths for

chromium to the surface.

Most of the published work on surface finish effects has been carried

out on commercial alloys and will be dealt with later.

The role of carbon

The partial pressure of oxygen (p02 = 10_21 bar) and carbon activity

(ac = 0,3) used in this study were sufficient %to allow the formation of

oxides and carbides on the alloy surface in the initial stages. Thus the

nucleation of Cr203, FeCr204 and M23C6 on the electropolished material
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was as expected. The fact that only Cr203 nucleated on the 180 grit
material can probably be attributed fo surface working homogenising the
surface structure of the alloy and providing many more nucleation sites
for oxide particles during the heating cycle, when the gas was not in
equilibrium. These findings were very similar to those of Smith et

al. (103) ) -30

- CH4 gas mixture (pO2 = 10 bar and
a, = 0,8 at B25°C). In the case of Smith et al's work the conditions

{very low p0Q,, high a ) were such that the oxides were subsequently
¥ 2 ¢

for alloys in a H

converted to carbides. In this study the conditions (higher p02, lower
ac) were such that once the surface laygr became complete the carbides
were initially overgrown and subsequently converted to oxides. Further
work to fully investigate the heating cycle, perhaps using a hot stage
microscope could be helpful to clarify the temperature and conditions
at which the oxides and carbides start to form. It should be pointed
out, however, that although this initial 'transient' behaviour is inter~

esting it has little effect on the overall corrosion mechanism.

Much more important findings were that the thin uniform non-porous Cr203
scale formed on the electropolished material provided a very good
barrier to carbon ingress from the gas, whereas the thick, cracked,

porous and faster growing Cr scale on the 180 grit material allowed

2%
a significant amount of carbon ingress to take place. These observations

confirm the definitive study by Wolf and Grabke (137, 145)

that carbon
penetrates oxide scales by the diffusion of carbon containing gaseous
species through c¢racks and pores and not by solid state lattice or grain

boundary diffusion.

& final point of interest was the absence of internal carbide precip-
itates in the chromium depleted zone of the alloy substrate immediately
beneath the oxide scale. This was due to the lower chromium activity

in the -alloy (acr) in effect shifting the Cr/Cr thermodynamic

2366
boundary to higher values of carbon activity a_- Thus for a fixed carbon
activity in the alloy {point A on figure 5.1) the carbides are stable

in the undepleted alloy {(with a high acr)’ but not stable in the

Cr-depleted region (with a low acr).
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The role of silicog

The high Si content (2.04%) of the AISI314 material promoted the
formation of a complete inner SiO2 layer which reduced the kine tic rate
by forming a very effective barrier to the outward diffusion of Cr, Fe
and Mn and inward diffusion of C. A complete 8102 layer also formed on
the lower (1.2%) Si containing alloy HP4ONb in the 180 grit condition.
. The 8i0, layer was not complete on the HP40Nb alloy in the electro-

2
polished condition or in the low (0.7%) Si containing alloy 800H.

These findings are in line with several other workers (97, 201 - 204)
who have established that significant B8i alloying additions reduce
kinetic rates. Just how much S5i is required to form a complete layer
depends to some extent on the exposure conditions, alloy structure,
temperature and amount of surface work. As far as the types of alloys
and exposure conditions used in this study are concerned it can be
concluded that an Si level of at least 1.2% for surface worked materials
and 2% for electropolished materials are required to ensure a complete
.8102 layer. Surface working assists the establishment of this layer by
providing more defects to act as nucleation points and more grain
boundaries to assist the supply of 8i to the scale/alloy interface.

The critical gquestion of why a cpmplete 510 layer forms such an

2
effective barrier to the outward diffusion of cations and inward
diffusien of c¢arbon appears to have been ignored by many previous
investigators. This could be due to the layer often being so thin that

it is difficult  +to analyse in cross-section. The author of this study

proposes that the following three reasons account for an SiO2 layer
acting as an effective barrier to ionic transport.
(1) The solubility of mest elements in SiO2 is virtually zero. Thus

it is very difficult for movement of other cations to take place

via solid state lattice diffusion.

SiO2 can exist as an amorphous or crystalline structure., If as is

the case in this study the SiO2 is amorphous it is unlikely that

any grain boundaries are present in the oxide (205). Thus ionic
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diffusion via grain boundaries is not possible.

(iii) As already discussed carbon penetration through Cr scales

2%
oceurs via the diffusion of carbon containing gaseous species
through cracks and pores. It is therefore reasonable to assume

that the same mechanism applies to 8iO However, as the SiO2

5°
layer is an inward slow growing layer it is unlikely to contain
many cracks and pores and therefore provides a much more effect-
ive barrier to the ingress of carbon than an outward fast growing

layer.

It could be argued that the 8102 layer could have become complete on the
HP40ONb electropolished material if it had been exposed for wvery long
exposure times. This was not possible due'to a number of surface carbides
nucleating on and below the alloy surface in the initial stages and the
presence of the indigenous carbides at the alloy surface. As the surface
scale became complete these carbides were converted to chromium rich
oxides which provided diffusion paths for cations through the incomplete

8102 layer.

Another 1issue concerning the addition of Si to alloys is how it affects
(203, 208,

(201, 202,

spallation/keying on of outer oxide layers. Some researches
207) claim that Si can key on outer oxide layers whilst others
208, 209) claim that it induces spallation of these layers. As far as
thisl study 1is concerned the complete SiO2 layer provided such an
effective barrier to outward cationic diffusion that there was little
external scale formed either to key on or spall off. This issue will be
discussed further when sulphur is introduced into the gas and the

situation is considerably different.

Before leaving the subject of 81 it is worthwhile pointing out that
whilst S5i additions can be exfremely beneficial for improving corrosion
resistance they can be detrimental to an alloy's creep strength and
weldability. High 1levels of Si in the alloy can alsc make the alloy

(210, 211)

prone to formation of the brittle o phase as demonstrated in

the AISI314 material.
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The role of manganese

It is difficult to isolate the role of manganese in the corrosion
process dus to all the commercial alloys containing alloying additions
of both 8i and Mn. However, by making the assumption that Si had no

effect when a complete Si0, layer did not form, it is possible to make

2
a reasonable assessment of the role played by manganese. In such cases

illustrated by HP40ONb (electropolished conditicn) and Alloy 800H (both
surface finishes), Cr203 and MnCr204 spinel nucleated on the alloy
surface in the initial stapges. These nuclei grew to form a scale con-
taining a mixture of these phases. Afﬁer extended exposure periods the
scale separated into an outer (Mn,Fe)Cr204 spinel layer and an inner

Cr20

3‘layer. Two questions cbviously emerge from this.

(i) Why does MnCr 04 tend to nucleate in preference to FeCr204?

2

{ii)} Why does the scale separaﬁe into an outer (Mn,Fe)Cr 04 layer and

2

an inner er203 layer?

As expected oxides Qf all componénts which were thermodynamically stable
forméd in the initial stage. The apparent abundance of MnCr204 is due
firstly to this phase having_a greater affinity for oxygen than Cr203
and FeCr204 and secondly to Mn diffusing faster to the alloy surface

than Cr and Fe.

Just why the scale separates into two distinct layers after longer
exposure times is more difficult to explain. MnCr204 is stable at lower

oxygen activities than Cr203, which in turn is more stable than FeCr204.

Thus from a thermodynamic point of view a MnCr204 layer would form

beneath a Cr‘203 layer, i.e. where the oxygen activity is lower. However

the presence of small amounts of Fe in the spinel, as detected in this

273

study, could be sufficient to enable the Cr_ 0, to exist at lower oxygen
activities than a (Mn,Fe)Cr204 layer, thus allowing the formation of the

outer‘(Mn,Fe)CrQO4 layer and inner Cr203 layer.

A much more likely reason for the development of the -outer (Mn,Fe)Cr‘204

layer is the high diffusion rate of Mn in the

layer and inner Cr20

3
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(212)

spinel. Cox et al have developed a mechanism to explain different

diffusion rates of different cations in oxide spinels. These authors

argue that according to Azaroff (213)

cations diffuse through a close-
packed anion lattice via alternate adjacent octahedral and teirahedral
positions. (Diffusion wvia similar interstitials, i.e. tetrahedral to
tetrahedral or octahedral to octahedral positions is prohibited by the
severe lattice distortions that would be required for this to take
place}. The amount of energy required for a cation to diffuse from one
site to another is given by its crystal field preference energy. These

(214)

values determined by Dunitz and Orgel from spectroscopic data can

be ranked in terms of increasing energy as

Mt <« Fe2t 2 crot

i.e. Much less energy 1is required for Mn2+ to diffuse through . the
lattice than Cr3+. Thus as the exposure time increases Mn diffuses
rapidly through the spinel and concentrates -at the scale/gas interface,
leaving the spinel lattice nearer the scale/alloy interface deficient
in Mn2+ cations. These positions were filled up again as long as new
an+ ions were available from the alloy substrate. However, as the
alloys used in this study contained only 0.6 -to 1.2% Mn the alloy
substrate beneath the oxide scale soon became depleted in Mn, which in
turn reduced the rate of supply of Mn2+ to the oxide. Thus the Mn2+ ions
in the spinel at the scale/alloy interface were not replaced and trans-
formation to Cr203 took place., The newly formed Cr.0_ then combined with

273
the initial Cr_ 0, nuclei to form the inner Cr_ 0, layer.

2°3 273
This leaves the question of whether Mn can continue to diffuse through
the inner Cr203 layer once it is complete. As far as the author of this
thesis is aware there is a dearth of published information on the trans-

{215)

port of Mn through Cr203 layers., Wild claims to have formed a thin

(few atoms thick) Cr203 layer on an unstabilized austenitic stainless
steel EnB8A under ultra-high vacuum conditions at 770 - 1070 K. Mn
subsequently diffused through this layer at a rate of 2 orders of
magnitude faster than Cr. No explanation 1is given as to how this
happens. One must also remain sceptical about Wild's gtudy as it should

be impossible to form Cr203 without forming some of the Mn containing
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spinel.

Clearly the fact that Mn, Cr and 0 form a compound demonstrates that
there: is some mutual solubility of Mn in Cr203, therefore lattice

diffusion of Mn through Cr‘203 is possible. A further piece of rather

surprising evidence to support this argument can be gleaned from the
examination of the Model 25Cr-35Ni-Fe alloy. Small amounts of Mn were

detected in the outer regions of the Cr scale after long exposure

2%
times indicating that some of the very small amount (0.01%} of Mn

present in this alloy had managed to diffuse through the Cr,0, layer.

The observed build up of small amounts of Mn in the outer regions of the

Cr,.0,. layer formed on the Model alloy appeared to be associated with an

23 - (216)
increase in the Cr‘203 lattice parameter. Cox et al
such a phenomenon to the doping of Cr

(216)

have attributed

2O3 with Fe. However according *to

Cox et al the wvalues of lattice parameter found in this study

after long exposure times would have cofresponded to 10-20% Fe becoming

incorporated inte the Cr lattice. Both ESCA-AUGER and EPMA analysis

2%3
on several specimens found no sign of Fe in the Cr203 layer, but did
detect sﬁall quantities of Mn at the scale/gas interface. X-ray

diffraction analysis using surface reflection detected no MnCr It

C,.
24
is therefore postulated that the increased lattice parameter wvalues in

this study were dues to doping of the Cr scale with Mn and not Fe. As

203
the atomic radius of Mn is greater than Fe the same increase in lattice
parameter could be caused by a much lower guantity of Mn than Fe. This
increased lattice parameter effect {(with possible exception of aAlloy
BOOH) did not occur on the commercial alloys as they contained suffic-

ient Mn to form the MnCr2O4.

Whilst dealing with the subject of lattice parameters it is worth while

pointing out that increasing the amount of Mn in the Mnl_ O4 layer

Cr

X  2-x
on the alloys which formed a complete SiO2 layer (AISI 314 both surface
finishes and HP40Nb 180 grit condition) corresponded to an increase in
the spinel lattice parameter. Further information concerning the effect

of different components in oxide spinels is given by Francis (217)-

Having established that Mn can diffuse through Cr203 layers it is worth
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while examining whether Mn diffuses through Si()2 layers. As far as this
study is concerned a complete 8102 layer formed a very effective barrier

to the outward diffusion of Mn. This is contrary to the postulations of

Yurek et al (203) who speculated that Mn can diffuse through an Si0

2
layer.

The role of Aluminium

The 3.5% Al addition to the HP40 type alloy {HP40OAl) resulted in the

formation of a number of internal lenticular shaped A120 particles.

3
These did not form a complete layer and therefore had no obviocus effect

on the corrosion mechanism. Similar findings to these were observed by

Belan et al (218) for the same alloy exposed to pure oxygen at 1000°C.

Just how much Al is required to form a complete &1203 layer is a matter

of considerable debate and depends on many factors such as temperature,

exposure'conditions, surface condition and other alloying additions. A

{219)

considerable amount of work has been'published concerning A120

3
formation and growth, but unfortunately much of this is not directly
comparable with this study. Perhaps the most direct comparison can be

(220) who determined

made with the findings of Tomaszewicz and Wallwork
an oxide map for ferritic Fe-Cr-Al alloy exposed to pure oxygen at
800°C, figure 5.2. This gives a gecod overall picture of the types of
corrosion morpheology which are possible for alloys containing both Cr

and &l. The map is divided into four regions.

(i) Type I alloys containing less than 2.5 wt% Al and < 13 wt% Cr.

These Tformed a scale which consisted of 3 layers:~ an outer
Feao3 layer, and intermediate FeCr204 layer and an inner layer
containing a mixture of FeA12O4 and needle-like A1203 particles.

(ii) Type II alloys with less than 2.5% Al and greater than 13% Cr.
These formed a scale which consisted of a discontinucus outer
Fe, 0. 1layer, an intermediate Cr 0, layer and an inner discont-

273 273

inuocus layer containing needle-like A1203 particles.

(iii) Type III alloys containing between 2.5 and 7% Al and less than
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5% Cr. In this case the scale formed consisted of a mixture of

Al203 and Fe203 and was hot protective.

{(iv) Type IV alloys with greater than 5% Cr and greater than 2.5% Al.

In this case a protective Al scale formed, but at very high

2%
Al levels it tended to be susceptible to spallation.

Thus it could have been expected that the HP40Al alloy (containing 3.5%
Al) would have behaved as a type IV alloy and formed a complete A1203

layer. Instead it formed an outer {(Mn,Fe)Cr layer, and intermediate

2%
Cr203 layer and a discontinuous layer containing needle-like A1203

particles, i.e. it behaved like a type II alloy. There are prohably many
reasons for this which are impossiblé to isolate due to the complex

structure of the HP40Al alloy. These include:

{ii) The presence of Si forming some Si0. particles in the inner oxide

2

layer.

{iii) The presence of large amounts of primary and secondary carbides

interfering with the inner oxide layer.

|

|

|

|

|

|

|

|

|

{i) ~ Some of the Al being tied up in the intermetallic NiAl phase. }
' |
|

|

|

|

|

\

\

\

. \
(iv) The alloy having an austeﬁfic structure which makes comparisons |
\

with the map for the ferritic alley difficult.

It can be concluded that the 3.5% Al addition to the HP40 type alloy was |

not sufficient to form a complete Al layer and therefore offered no

2%
additional corrosion protection, In thecory higher levels of Al should

allow the formation of a complete Al layer which could be beneficial.

203
Further work is needed to establish if this is true in these low oxygen

partial pressure environments.

The role of Niobium

Niobium was present in the HP40ONb and HP40Al alloys. It had no effect

on the corrosion mechanism due to most of it being tied up in the MC
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carbides which remained stable throughout the exposure period. A small
amount of Nb was detected at the scale/gas interface but this was
insufficient to have any influence on the corrosion process.

(221) have c¢laimed that the presence of Nb ecan

Hemptenmacher et al
assist the formation of an internal (Al,Nb} rich layer on alloys
containing low carbon 1levels, but as no meaningful explanation is

offered for this one must remain sceptical about their claim.

Localised grain boundary attack in Alloy 800H and the role of titanium

A significant amount of localised internal oxidation occurred at grain
boundaries in Alloy 800H. These oxides tended to be rich in Si, Ti and
Al near the scale/alloy interface, Ti and Al_deeper in the alloy and
only Al at the deepest point of attack. It is difficult to determine the
cause of this due to this alloy containing small amounts of many
elements such as Ti, Al, S5i and Mn. It is alse difficult to compare
this alloy with. others in the study due to its having a much lower Cr
content (approximately 20%). However as Alloy 800H was the only alloy
to contain Ti and be subject to a significant amount of localised
oxidafion it is likely that these are linked. This is emphasised by the
fact that HP40Al only containing Al, 5i and Mn formed a general region
of internal Al_0O_ particles, but showed no obvious sign of any localised

273
attack of the carbides.

It is well known that Alloy B800H is susceptible to the formation of Cr
rich MZBCS carbides at grain boundaries (222). The extent of this
carbide precipitation is reduced by adding Ti to the alloy to react with
dissolved carbon in the alloy to form intragranular TiC precipitates.,
However as was observed in this study some M23CG carbide precipitation
at grain boundariegs still takes place. The fcollowing hypothesis 1is
"proposed to try to explain how these Cr-rich M23C6 grain boundary
carbides are eventually replaced by Si, Ti and Al rich oxides during the

corrosion process.

As the alloy contained a relatively low level of Cr in the first place,
the formation of the Cr rich surface scale produced a large zone in

which the chromium activity (acr) was too low for Cr rich carbides to
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be stable. The grain boundary carbides therefore transformed to metal
and carbhon, The metal ions diffused rapidly to the surface to be
incorporated into the surface scale. The carbon combined with Ti to form
TiC which is a more stahle carbide. As 6 carbon atoms combined with only
& Ti atoms instead of 23 Cr atoms this created a large number of
vacancies to form pores which provided an easy passage for oxygen to
diffuse inwards. The local oxygen activity thus steadily increased until
A1203 formed. As time progressed the local oxygen activity continued to
increase and oxides first of Ti and then 8i also became stable; thus

explaining the ordering of these elements in the internal oxides.

It should be emphasised that this is just a hypothesis. Further experi-
mental work of model alloys for 8OCH containing Si and Al with no Ti and
5i and Ti with no Al is needed to prove or disprove this. If the
hypothesis is true, localised attack at temperatures below 750°C should

not occur due to the kineties of TiC formation being very slow(zza 223).

Initial results within the Petten laboratories appear to confirm this
(224, 225).
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5.2 THE LOW SULPHUR 0.2% H.S CONTAINING GAS

The general corrosion mechanism for the Model 25Cr-35Ni-Fe alloy

A detailed account of the corrosion behaviour of the Model Alloy in the
0.2% st gas was given in section 4.1.1.b. In very general terms the
whole corrosion process can be broken down into four stages.

(i) Nucleation of oxides and sulphides on the alloy surface in the

initial stages.

{ii) Simultaneous growth of oxides and sulphides.

(iii) Overgrowth of the sulphides by the oxides to form an oxide layer
containing sulphide particles, which shut off any further ingress

of sulphur from the gas.

(iv) Redistribution of the sulphur from the sulphide particles in the

oxide layer to sulphide precipitates in the alloy.

(i) Nucleation

. -2l X
The oxygen partial pressure (p02 = 10 bar), sulphur partial pressure
(p52 = 10“9 bar) and carbon activity (aC = 0.3) in <theory were

sufficient for oxides, sulphides and carbides to form on the alloy in
the initial stages. Although oxides and sulphides nucleated carbides did
not form. This was attributed to an adsorbed layer of sulphur inhibiting
the adsorption of carbon on the alloy surface, as seen previously in

{125, 146, 148)

carburizing/sulphidizing environments , section 2.2.3.

(181) have established that the relative bro—

Yurek and ‘La Branche
portions of a metal surface covered with sulphides and oxides in the
initial stages are determined by the ratios of sulphur and oxygen
containing species in the gas. A detailed description of the feasoning
behind this was given earlier in section 2.3.4. At this stage it is
reasonable to assume that the growth rate was determined by the rate of

supply of gaseous species to the alloy surface and by phase boundary
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‘transport.

Whilst dealing with the subject of nucleation it is worth while pointing
out that a large number of internal sulphide precipitates formed in the
180 grit material, but hardiy any in the electroplated material. This
was due to surface working creating a large number of defects in the
surface regions of the alloy which provided a large number of nucleation

sites for the internal sulphide precipitates.

(11),, Simultancous grovth of oxtdes and suiphides

After nucleating the oxides and sulphides grew side by side to form a
surface layer. Once this became complete the growth rate started to be
controlled by the rate of chromium diffusion through the surface layer.
As sulphides have much greater deviations from stoichiometry and there-
fore a high concentration of defeqfs they grew much quicker than the
oxides, thus explaining the presence of the large sulphide filaments

and the high kinetic rate in the first 1000 tec 2000 hours.

{iii) Overgrowth of sulphides by oxides

Once the corrosion rate was controlled by solid state diffusion, thermo-
dynamic considerations determined that only one phase c¢ould come to
stable equilibrium with the gas. In the case of this 0.2% HZS gas the

partial pressure of sulphur (pS, = 10-9 bar) was low enough and partial

pressure of oxygen (p02 = 1&'.)_2?L bar) high enough to fall to the right
of the kinetic or thresheld boundary determined by Natesan and

{149) (151, 152)

Pelaplane and Perkins , described in section 2.3.4.

"Thus the oxides overgrew the sulphides to form a Cr layer containing

203
chromium sulphide particles. This complete oxide layer shut off any
further ingress of sulphur from the gas. The reasons for this will be
discussed later. The sulphide particles ' in the oxides acted as short
circuit diffusion paths for the outward diffusion Cr ions which led to

localised thickening of the scale.

{iv) Sulphur redistribution

R R A N L I R I A R R B S SR N I N I}

Perhaps the most significant observation was, however, the eventual
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redistribution of +the sulphur from sulphides contained in the oxide
scale to internal sulphide precipitates in the alloy substrate. This was
particularly evident in the 180 grit material. Surface working created
a large number of defects in the worked layer which provided a large
number of nucleation sites for internal sulphide precipitates in the
early stages. The worked layer once recrystallized also provided many
grain boundaries which acted as shorﬁ circuit diffusicn paths and there-
fore increased the rate of supply of Cr to the surface. This caused the
oxides and sulphides in the scale to grow rapidly to form a fast growing
but porous defective scale. The pores allowed carbon containing gaseous
species to penetrate the scale to form internal.carbide precipitates
" beneath the internal sulphide precipitates. The carbides then assisted
the inward advancement of the sulphides. This was due to the chromium
activity in the depleted alloy substrate dropping te below the point
where the carbides were thermodynamically stable. As the local sulphur
activity was high enough for sulphides to be stable the carbides trans-
formed to sulphides instead of metal, with the carbon released diffusing
.deeper into the alloy. The outward diffusion of chromium into the scale
and the inward diffusion of carbon deeper into the alloy created voids
into which the sulphide precipitates could grow. The internal sulphide
precipitates became larger and fewer in number as time progressed due

to ostwald ripening processes.,

The redistribution of the sulphur was not as obvious in the case of the
electropolished material with internal sulphides only forming at grain
boundar‘iesT Elsewhere the sulphides remained at the scale/alloy inter-
face with ripening processes causing the sulphur to regroup from an
almost continucus inner chromium sulphide layer into large chromium
sulphide particles. The redistribution into the alloy tended not to
occur due to a number of factors. Firstly the clean smcoth electro-
polished surface did not contain many defects to act as nucleation sites
for internal sulphide precipitation. The alloy had a large grain size
and therefore there were very few grain boundaries to act as’ short
circuit diffusion paths for Cr to the surface with the result that the
scale grew at a much lower rate than the 180 grit material. As the scale
grew more slowly it was compact and did not centain many pores and there-

fore acted as an effective barrier to any carbon ingress from the gas.
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.Also chromium was able to diffuse from the bulk of the alloy to replace

that remecved from the depleted zone to form the scale preventing voids
forming into which sulphide precipitates could grow. Thus it can be
concluded that the lack of gréin boundaries, defects, carbides and voids
prevented internal sulphide precipitates from forming except at the
isolated grain boundaries where carbides were present and the material

behaved like the 180 grit material.

Internal sulphidation beneath oxide scales.

Two mechanisms are often proposed in the published literature to explain

the formation of internal sulphide precipitates beneath oxide scales.

(i) Lattice and/or grain boundary diffusion of sulphur ions through

the oxide.

{ii) The diffusion of sulphur containing gaseous species through

physical defects in the oxide.

This study clearly shows that there is é third possibility that has been
overlooked, namely that most, if not all, of the sulphur was incorpor-
ated into either sulphide particles in the scale or sulphide precip-

itates in the alloy before the outer Cr layer completely overgrew the

2%
sulphides. Once the outer oxide layer was complete further ingress of
sulphur from the gas ceased. The sulphur present as sulphide particles
in the scale then redistributed into sulphide precipitates in the alloy.
Thus although the wvolume of internal sulphide precipitates inecreased the
total voluhe of sulphur in the scale and alloy together remained the

same.

These observations have important implications as internal sulphidation
could certainly be reduced and probably eliminated if the oxide scale
was established in a sulphur-free gas prior to exposure in a low sulphur
containing environment which fell <to the right of the kinetic or
thresheld boundary. Although no experimental work was carried out in
this study to establish if this is true, other workers have preoxidized

metals and alloys prior to exposure to similar types of sulphur contain-




- 500 -

(152)

ing environments. Perkins for example found that sulphur did not

penetrate a preformed Cr layer on a Ni-46Cr alloy exposed to a medium

203
B.T.U. gas containing 1% H,S for 1500 hours at 871° and 982°C.

(182) 2

Natesan also found that sulphur did not penetrate a preformed

Cr. G, layer on pure {r exposed COE—CO*CHa—Hz-H 0 gas mixtures to the

rizhi of the kinetic boundary at 875°C. On t;i other hand he found
internal sulphide precipitates in preoxidised Incoloy 800 :specimens
exposed under the same conditions as the chromium. Obviously it is imposs-
ible from other peopls's work to assess the gquality and composition of
the pefformed oxide scales, but examination of +the two estahlished
mechanisms of sulphur transport through oxide scales sheds some light

on the discrepancy in Natesan's results.

For the first mechanism of sulphur transport via lattice or grain bound-
ary diffusion to operate there must be some solid solubility of sulphur
in oxides. Birks (226) has carried out a survey of existing data which
showed that wvalues of 0.1 - 0.01% are typical in the teﬁperature range
600 - 1000°C. There is however a considerable amount of scatter in these
results and one cannot help feeling that ﬁerhaps some of the oxides
contained actual sulphide particles distorting the figures. However it
would appear certainly in the case of NiQ, the system on which most of

the work has been carried out that sulphur is soluble in the oxide.

Wagner and co-workers (227-229) and Suntsovand Antonenko (230} have
established that:
(i) Ni0 is a p-type semiconductor with the majority defects cation

vacancies and assoclated electron holes.
(ii) Sulphur replaces oxygen in the anion sub-lattice as ST

(iii) Sulphur acts as an electron donor reducing the concentration of

electron holes and conductivity of the oxide.

fiv) Sulphur diffuses through NiQO at a faster rate than oxygen but at

a slower rate than nickel,




A{v) Doping the oxide with Cr3+ decreased the diffusivity of sulphur,

{vi) The rate of diffusion of sulphur in polycrystaline Ni0O than
single crystal NiC indicating that some grain boundary diffusion
takes place.

(230}

From these findings Suntsov and Antonenko developed a 3 stage

mechanism to explain the diffusion of sulphur through NiO. In the first

stage the sulphur ion moves intoc the cation vacancy with the capture of

electron holes. In stage 2 the oxygen moves to the position vacated by
the sulphur. Finally in stage 3 the sulphur moves to the original
position of the oxygen. The net result is the change of places between
oxygen and sulphur atems. The sulphur diffuses faster apparently because
more favourable thermal vibrations enable it to capture the electron
holes associated with the cation vacancies. Thus it is the concentration
of electron holes and not the cation vacancies which is the important
factor. This hypothesis was confirmed by doping Nio with Chromium. Cr3+
acts as an electron donor reducing the number of electron holes and
increasing the number of cation vacancies (due to the need to maintain
electrical neutfality). Thus although the Cr doped NiQ contained more
cation vacancies, sulphur diffusion was slower than in pure NiQ due to
the lower concentration of electron holes. The authors alsc showed that
the mechanism also applied to 00304 which has a p-type spinel structure.

It is important to emphasise that both Ni0Q and M O4 are p-type semi-

3
conductors in which the majority defects are cation vacancies with
associated electron holes. Kofstad and Lillerad (29), Hindam and
Whittle (45, 46), Young et al (43) and Matsul and Naito (44) have all
shown that although Cr'203 formed in high pO2 environments is a p-type
semiconductor, in the case of low pO_ environments, such as this study
. (152) 2 (182)
and those of Perkins and Natesan y Cr_ 0, is an n-type semi-

conductor with the majority defects Cr interstit;;f; with excess elec-
trons. It 1is therefeore highly unlikely that sulphur penetrates n-type
Cr203, thus accounting for the shut off of the ingress of sulphur from
the gas once the Cr-203 layer became complete on the model 25Cr-35Ni-Fe

in this study. This also appears to explain the apbarent discrepancy

between Natesan's findings for pure Cr and Alloy 800. In the case of
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pure (n-type) Cr203 formed on Cr no sulphur penetration occurred,
whereas in the case of the alloy sulphur was able to penetrate the oxide

scale via cation defects in the (p-type) spinel.

The mechanism of diffusion of sulphur-containing gaseous species has

been proposed by Birks and co-workers (226, 231-233) and applies to 80

2

containing environments. In this case 802 can diffuse through cracks and

pores and dissociate according to the reaction

a—
250, = S, + 20,

at the scale/alloy interface. It is therefore possible for a wvery high

local sulphur activity to exist beneath the scale even when the sulphur
partial pressure in the gaseous atmosphere is well below the M/MS thermo-

dynamic boundary. Sihgh and Birks (231)

have conclusively proved that
this mechanism operates in 502 containing environments, There 1s no
apparent reason why the mechanism cannot operate in st containing
environments. However, it was found in this study in the case of the 180
grit material that once the oxide layer was cbmplete no ingress of
sulphur occurred via physical defects even though carbon containing
molecules continued to penetrate the scale via this route. Presumably
the size of the gaseous molecules, size of physical defects and ease of
decomposition of the gaseous species all could have something to do with
this. Certainly the scale did appear to become much less porcus as the
exposure time increased. Otherwise the author is unable to offer any

further explanation.

It can be concluded that st does not penetrate Cr203 via cracks and

pores. However it is extremely important to realise that if the gaseous

environment contains appreciable amounts of 80, the mechanism of gaseous

2
transport through cracks and pores must be taken into account.

General corrosion mechanism for HP40Nb and AISI31l4

A detailed account of the corrcsion behaviour of HPAQONb and AISI314 in

the 0.2% H_S was given in sections 4.1.2 and 4.1.3 respectively. In very

2
general terms the corrosion process for these alloys can be broken down
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AAnto 7 stages.

(1)

(i1}

(iii)

(iv)

{v)

(vi)

{vii)

Nucleation of Cr20 and M354 on the alloy surface and

30 3%
internal Cr/Mn rich sulphide precipitates in the alloy.

Simultaneous growth of Cr M_O_  and MSS

oYqs M50, on the alloy surface.

4
Oirergrowth of the sulphides by oxides to form a porous uneven
external scale containing Cr203, M_.0 and M_S sulphide

374 34
particles.

Formation -of an inner layer consisting of Si02, the former
internal sulphide precipitates, Cr-rich oxides and metallic

particles.

Separation of the external scale into an outer M3O4 layer and an

inner Crzo layer both of which contained sulphide particles.

3
An increase in the corrosion rate after several thousand hours
which coincided with a substantial amount of localised internal
attack of the carbide precipitates in %he alloy (break- away

corrosion).

Formation of external Fe, Cr-rich sulphides instead of oxides at

the scale/gas interface (AISI314 only).

Instead of discussing this complex mechanism stage by stage a clear

understanding of the corrosion process can be cobtained by grouping some

of the stages together and considering:

The effect of sulphur on Si0O, formation and growth (stage iv).

2

The combined effect of sulphur and manganese ({stages i-iii and

V).

Factors causing internal attack which lead to bééak~away corrosion

(stages vi and vii).
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a) The gffect of sulphur on $10, formation and growth

In the sulphur-free gas a complete inner 8102 layer formed on AISI314
(both surface conditions) and HP4ONb (180 grit condition). This layer
proved to be a very effective barrier to the outward diffusion of
cations and inward diffusion of carhon. In the 0.2% HZS gas, however,
internal sulphide precipitates also formed. The inner layer therefore
consisted of a mixture of 8102 and Cr/Mn-rich sulphide precipitates. As
time progressed some of the sulphide precipitates transformed to Cr-rich
oxides and metallic particles, so that the inner layer then consisted

of a mixture of Si0 Cr-rich oxides, Cr-rich sulphides and metallic

2!
particles. Cr, Mn and Fe were therefore able to diffuse through the
Cr-rich oxides, sulphides and metallic particles to form thick external

oxide layers.

Internal sulphidation was possible in AISI31l4 due to its having a small
grain size. The high concentration of grain boundaries even in the
electropolished material acted as nucleation points for the internal
sulphide precipitates. The grain boundaries also provided easy diffusion
paths for the inward diffusion of sulphur and outward 'diffusion of
cations. Surface working produced even more defects and grain boundaries
which fufther assisted the formation of internal sulphide precipitates
and ocutward diffusion of cations, which in turn increased the corrosioﬁ

rate and thickness of the corrosion layers.

The mechanism was exactly the same for the HP40Nb alloy in the 180 grit

condition.

It can therefore be concluded that Si alleying additions had no benefit
in the 0.2% st environment. In fact they tended to be detrimental due
to the SiO2 reducing the adherence between the inner oxide layer and the

external scale, which led to a considerable amount of spallation of the

external scale.

b} The combined effect of sulphur and manganese

L N A L I N A I BN IR A B B} LR A O I R )

In the case of HP40ONh in the electropolished condition the ¢lean smooth
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surface and large grain size provided very few nucleation sites for
sulphide particles either on the alloy surface or within the alloy.
MnCr204 spinel and Crzo4 therefore nucleated on the alloy sufface in the
initial stages. The spinel grew faster than the Cr203 and eventually the

scale separated inte an outer spinel layer and an inner Cr layer.

2%3
Thus the corrosion process was the same as in the sulphur-free gas for
the same 'alloy in the same surface finish. The corrosion rate was
glightly higher in the presence of sulphur. To understand the reasons
for this it is necessary to consider the behaviour of the HP40ONb alloy
with the 180 grit surface finish and AISI314 {both surface finishes) in

which this feature was far more exaggerated.

In the case of HPAONb in the 180 grit condition and AISI314, electro-
polished and 180 grit conditions, the high concentration of defects and
grain boundaries in surface regions of the alloy provided many nuclea-
tion sites for sulphides both on the alloy surface and in the alloy
substrate. The internal sulphide precipitates formed in the alloy
~ substrate tied up some of the manganese and therefore reduced the amount
of manganese available to form MnCr204 in the external scale. This

allowed Fe to become incorporated in the M spinel in place of some

304
of the Mn. The increased activity of Fe in the scale then allowed
Fe,Cr-rich sulphides to form in the scale instead of just Cr sulphides
which formed in the Model alloy. One would have expected manganese
sulphides, which are much more thermodynamically stable than sulphides
of iron and chromium to form in the scale. This was found not to be the
case. Instead all the Mn in the scale was concentrated in the oxide

spinel.

As the scale grew it separated into the outer M304 layer and inner Cr203
layer in a similar manner to the HP40Nb electropolished material. In
this case (HP40Nb 180 grit condition and AISI314 both surface finishes}),
however, the Cr‘203 layer was nwuch thicker than the equivalent layer
formed on both the HP40Nb electropolished material and the Model
25Cr-35Ni~Fe alloy. This appearéd to be related to the presence of a

considerable amount of sulphur in both the M3O4 spinel and Cr oxides.

0
273
Unlike the Model 2%Cr-35SNi-Fe the shut off of sulphur ingress from the

gas did not occur. Te understand the reasons for the sulphur ingress not
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shutting off, the presence of sulphur in the oxides and the much thicker
Cr203 layer, it is necessary to examine again just how the Cr203 layer
forms on the two commercial alleys (HP40ND and AISI31l4) and the Model
alloy. |

In the case of the Model alloy .the n-type . Cr,0; layer, with Cr

interstitials as the predominant defect, formed mainly from the outward
diffusion of Cr wvia these defects., In the case of HP40Nb and AISI314 the
inner Cr,0, layer formed predominantly from the p-type M

273
It could therefore be possible that this inner Cr20

304 outer layer.

3 layer could be
p-type with Cr vacancies as the predominant defects. If this hypothesis
is true, sulphur would be able to take the place of some of the oxygen
in the anion lattice -and diffuse through the scale wvia cation vacancies
according to the mechanism discussed earlier for NiO, thus explaining
the presence of sulphur in the Cr203 oxide and that the ingress of
sulphur did not shut off.

The presence of sulphur in the Cr lattice also explains why the Cr

0
1 {234) 23

sulphur can act as an

. 203
was much thicker. According to Romeo et a
electron doner which in p-type Cr203 reduces the concentration of elec-
tron holes and increases the concentration of cation wvacancies, thus
allowing the outward diffusion of Cr, Mn and Fe to occur more rapidly,

increasing the kinetic rate and in turn producing a thicker scale,

A final piece of evidence which could support the p-type structure of
Cr‘203 on the HP40Nbh and AISI314 alloys is  that the Cr203 lattice

parameter did not increase with time, whereas the n-type Cr lattice

8]
273
parameter on the Model 25Cr-25Ni-Fe alloy increased with exposure time

due to Mn doping.

¢} Factors causing internal attack leading to breakaway corrosicon

P T R R R R R R T T S T

After several thousand hours exposure the alloy substrate becane

severely depleted in Cr. This was due to:

i) The incomplete inner 8102 layer failing to cuf off the outward

diffusion of Cr into the external scale.
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ii) The combined efféct of Mn and S5 Aincreasing the growth rate of the

Cr203 layer and M304 layer in the external scale.

iii) The formation of Cr containing sulphide particles in the oxide

layers and the alloy substrate,

iv) The formation of Cr-containing carhbides and the o phase due to

aging processes.

The Cr depletion caused a massive amount of internal attack to take
place. This coincided with an upturn in the corrosion rate (breakaway

corrosion). The reasons for this are as follows:

- Cr depletion of the alloy substrate lowered the chromium activity in the

alloy beneath the scale to a level where the Cr-rich M carbides

2306
became unstable. These carbides therefore converted to metal and carhbon.
The metal rapidly diffused outwards +to form oxides in the scalé increas-
ing the corrosion rate. The carbon diffused deeper into the alloy to
reform carbides where the chromium activity was higher. The outward
diffusion of metal and inward diffusion of carbon created voids into
which sulphur diffused to form sulphide precipitates. As these sulphides
were predominantly Cr-rich this caused more Cr depletion and thus
accelerated the whole process. As more voids formed oxygen diffused in
behind the sulphur to form internal oxides. As the local oxygen activity

increased some of the sulphides transformed to oxides releasing sulphur

to diffuse deeper into the alloy to recommence the whole process again.

In the case of AISI314 the o-phase also became unstable as the Cr activ-
ity dropped, releasing Cr and Fe into the alloy. The chromium rapidly
diffused outwards into the scale leaving voids into which initially the
sulphur and subsequently the oxygen diffused to form sulphides and

oxlides.

Further evidence to suppeort the fact that Cr-depletion of the substrate

was the cause of the internal attack and breakaway corrosien is that

i) The NiNbSi-rich MC carbides remained stable in the Cr-depleted
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zone. A few sulphides formed around these carbides due to the
formation of voids in the surrounding Cr-depleted substrate. The
free surface of the carbides provided good nucleation sites for

the sulphides.

ii) Alloy 8CCOH with a lower 20% Cr content than the other 25% Cr
containing alloys went into breakaway after shorter exposure times
{1500 - 2000 hours) than the other alloys (~ 3000 hours). As the
grain boundary carbides in this alloy formed a very fine contin-
uous structure, internal attack proceeded on a very narrow front
leading to very deep localized penetration even though the total

volume of sulphides and oxides formed was relatively small.

The considerable thickness of the external M304/Cr203 scale and the
presence of Si in the inner oxide layer made the external scale very
susceptible to spallation. If this cccurred (as was the case at corners
of the AISI314 material) Cr203/M3O4 and M.S, again nucleated on the
alloy surface. However the alloy now contained insufficient Cr for the
oxides to overgrow the sulphides with the result that the Fe,Cr—riﬁh
MBS4 sulphides kept growing to form an external sulphide scale. Aé these
sulphides are very defective they grow very quickly and as seen in the
0.6% H.S lead to catastrophic failure of the alloys in a very short

2
time.

The effect of other alloying additions Al, Nb and Ti

The HP40Al alloy containing 3.5% Al failed to form a complete A1203
layer in the 0.2% HZS gas which is not surprising in view of the fact
that it failed to do this in the sulphur-free gas. Internal A].ZO3
particles formed but these had 1little influence on the breakaway

process.

Nb contained in the HP40 type alloys had no influence on the corrosion

process as most of this remained tied up in the MC carbides.

In the case of the sulphur-free gas Cr-depletion of the alloy substrate

in Alloy 800H caused the grain boundary carbides to transform to metal




and carbon with the metal diffusing outwards and the carbon being tied
up with the Ti in situ to form TiC carbides. In the 0.2% H2S gas the
Cr depletion was much greater with the result that the localized
internal attack was much deeper. It can be concluded that the Ti effect

is very secondary to that of Cr depletion.




5.3 THE HIGH SULPHUR 0.6% HZS CONTAINING GAS

The general corrosion mechanism for the Model 25Cr-3%Ni-Fe alloy

A detailed account of the corrosion behaviour of the Modelalloy in the
0.8% HZS gas wés'given in section 4.2.1. In very general terms the whole
corrosion process can be broken down into & stages.

(i) Nucleation of oxide and sulphide particles on the alloy surface
and internal sulphide precipitates in the alloy substrate in the

initial stages.
(ii} Simultanecus growth of oxides and sulphides on the alloy surface.

~{iii) Overgrowth of the oxides by the suphides to form outer sulphide

layer I, contéining Fe,Cr-rich sulphides.

{iv) Coale%énce of the internal sulphide precipitates to form an

internal Fe,Cr-rich sulphide layer.

{v) Development of outer sulphide 1layer I1I, containing Fe,Ni-rich

sulphides.

{vi) Development of outer sulphide layer IIi, containing nickel

sulphides in addition to the Fe,Ni-rich sulphides.

The correosion rate in this sulphidation governed regime was very high
making this type of allecy unusable under these conditions. The discuss-
ion of the corrosion mechanism will therefore be restricted to the main
issue of why in this 0.6% HZS gas the sulphides overgrew the oxides to
form a sulphide scale whereas in the 0.2% 323 gas (discussed in section
5.2) the oxides overgrew the sulphides to form an oxide scale. In both
cases thermodynamic considerations should have determined that an oxide
scale should have formed, figure 3.6.

(161)

Yursk and La Branche have established that the relative pro-

portions of a metal surface covered with sulphides and oxides in the




- 511 -

in the initial stages are determined by the ratios of sulphur and oxygen

containing species in the gas. A detailed description of the reasoning
behind this was given earlier in section 2.3.4. If the number of gaseous
oxygen containing species was kept constant and the number of gasecus
sulphur containing species increased, the proportion of the alloy sur-
face covered with sulphides increased. Thus in the 0.6% st gas a higher

proportion of sulphides nucleated than in the 0.2% HES gas.

The 0.6% HQS gas corresponded to a partial pressure of sulphur (p82 =
10_8 bar} well in excess of the Fe/FeS thermodynamic boundary and thus
it was much mére thermodynamically favourable for Fe,lr-rich sulphides
to form as opposed to just Cr-rich sulphides in the 0.2% HQS gas. As the
Fe/Cr-rich sulphides contazined a greater concentration of defects than
the Cr-rich sulphides, and as more sulphur was also available from the
gas, the sulphides grew at a very fast rate, overwhelming the very slow

growing oxides, to form the outer Fe,Cr-rich sulphide layer I.

Thus although thermodynamic factors predicted that an oxide layer should
come to equilibrium with‘the gas, the high proportion of sulphides which
nucleated and +the subsequent high growth rates of these sulphides
dominated the ﬁrocass resulting in the formation of the sulphide secale
instead of an oxide scale. This accounts for the kinetic or threshold
boundary determined by other workers (149, 151, 182, 161), described in

section 2.3.4.

The rapid outward diffusion of Cr and Fe to form the outer layer created
voids into which the'sulphur could diffuse to form the internal sulphide
layer. As time progressed, the alloy substrate became very depleted in
Cr and Fe with the result that meore Ni was taken into the scale.
Initially this existed in solid solution but after reaching a certain
level it exceeded its solubility limits and led to the formation of the
outer Fe,Ni-rich sulphide layer II. This layer formed at the scale/gas
interface as Fe,Ni sulphides ccould not exist at the scale/alloy inter-—
face where the sulphur partial pressure was much lower. Eventually the

Ni activity in the scale increased to the point where Ni352 precipitated

out to form outer sulphide layer III.
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(172-174) has shown that the lamellar struc-

Work by Rac and co-workers
ture and the metallic NiZFe phase which also were present in some of
these sulphide layers were formed on cooling to room temperature. Hot-
stage microscopic and D.T.A. analysis in this study certainly proved

that the Ni_Fe particles were rejected on cooling. Many phase changes

2
were detected but it was not possible to tie down which phase was form-

ing at a specific temperature due to the complex structure of the scale.

Again it should be pointed out that although the formation of all the
sulphides is interesting, the severe corrosion rates make them irrelev-
ant to practical application and will therefore not be discussed

further.

The general mechanism for HP4ONb and HP40Al

The mechanism was essentially the same as for the Model alloy except
that the presence of elements such as Si in HP40Nb and Si and Al in
HP40Al1 led to the formation of an internal oxide/sulphide layer which
tended to slow down the outward diffusion of cations and iaward diffu-

sion of sulphur. In spite of this, even in the case of the HP40Al alloy

the corrosion rate was still very severe.
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5.4 RECOMMENDATIONS FOR TECHNOLOGICAL APPLICATIONS

The following recommendations are made which, if adhered to, should from
a corrosion point of view enable Fe-Cr-Ni alloys to operate in service
at 800°C for many thousands of hours in gaseous'environments containing

the reactants oxygen, sulphur and carbon.

The environment

{1) The oxygen partial pressure must be in excess of the threshold
or kinetic boundary (3 orders of magnitude in excess of the
Cr,.0_/CrS boundary at this temperature) to ensure that an oxide

23 .
scale and not a sulphide scale forms, figure 5.3.

(ii) The sulphur partial pressure must be below the Fe/FeS thermo-

dynamic houndary to¢ prevent the formation of Fe-rich sulphides

if the oxide scale is disrupted in any way during service, figure

5.3.
(iii) The carbon activity should not exceed unity to avoid carbon
deposition which could destroy the oxide scale and lead to metal

'dusting attack.

Start up procedure

It is advantageous to start up in a gas centaining no sulphur or as low
a level of sulphur as possible to prevent or at least reduce the forma-
tion of sulphide particles in the scale and internal sulphide precip-
itates in the alloy during the initial stages, figure 5.3. The oxygen

partial pressure should be kept low to allow an n-type Cr layer %o

2%
form which should resist penetration of sulphur during normal operating
conditions and avoid the formation of Fe-rich oxide spinels. Once the
scale has been established the level of sulphur could be increased %o

the levels stated.

(i) The Cr content of the alloy should be as high as possible,




(ii)

(1ii)

(iv)

(v}

(vi)

{(wvii)
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certainly in excess of 25% Cr, to minimise the possibility of the
Cr level in the depleted substrate reaching levels where break-

away corrosion can occur,

The alloy should contain no manganese to prevent the formation

of the outer MnCr204 spinel layer.

The alloy should have a low carbon content to prevent the forma-
tion of a large number of carbide precipitates which tie up
considerable quantities of Cr and promote localized internal attack

if the alloy becomes severely depleted in Cr.

Nb should be used as a carbide stabilising element in preference

to Ti as it does not promote localized attack.

Low levels of 851 are acceptable but these should not reach levels
which could promote o phase formation or spallation of the oxide

scale.

The inclusion of a rare earth element would be advantageous to
key on the oxide and reduce spallation. Although no work was
carried out in this study to investigate this, the literature
appears to indicate that Ce 1is the most promising rare earth

alloying addition.

A small grain size is desirable to provide diffusion paths into
the alloy for any sulphuf that became trapped at the scale/alloy
interface. A small number of internal sulphides is acceptable but
large sulphide particles growing at the scale/alloy interface
could cause the oxide scale to be disrupted and therefore cannot

be tolerated.

Surface preparation

The alloy should have a clean smooth work-free surface to promote a slow

growing oxide scale and minimise the formation of cracks and pores in

the oxide which can allow the inward penetration of carbon containing
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-gasecus species and 502 which could result in excessive internal

carburization and sulphidation.

Envirenments containing no sulphur

The above recommendations can by modified for gases containing low

partial pressures of oxygen and a significant carbon activity but no

sulphur.

(1) In this case the alloy should have a high Si content (> 1.2% for
worked surfaces and > 2.0% for work-free surfaces) to enable a
conplete inner Si02 layer to form a barrier to the outward

- diffusion of cations and inward diffusion of carbon.

{ii) The surface should be worked to assist the formation of the

complete SiO2 layer.

{iii) Mn additions are quite acceptable in this case.




kinetic boundary

/ 5-

’
FeS
Fe '
oY
g
ag Crs
C
~—t
Cr
Cr Crzg3 .FeCrQOd Fel
log pO2
Recommended start up conditons
-
\\\\ Acceptable operating conditions
Figure 5.3

Schematic metal stability diagram indicating accceptable start up
and operating conditions for technological processes.




6.

- 517 -

CONCLUSIONS

The Model 25Cr-35SNi-Fe alloy formed a thin uniform Cr layer in

293
the sulphur-free gas, which grew at a constant parabolic rate
throughout the exposure period. Surface working increased the

growth rate and thickness of the Cr layer, but created a large

2%
number of cracks and pores which allowed carbon containing gaseous
species to diffuse through the oxide to form carbide precipitates

in the alloy substrate.

Adding a low level of sulphur (0.2% HZS) to the gas increased fhe
corrosion rate of the Mcdel alloy in the initial stages. This rate
gradually slowed down before becoming parabolic after 1000 - 2000

hours. This was due to the nucleation of sulphides in addition to

oxides. The oxides and sulphides subsequently gréw side by side

until the oxides overgrew the sulphides to form a complete Cr203
layer which cut off further ingress of sulphur from the gas. The
entrapped sulphides promoted localized thickening of the oxide
layer. Eventually the sulphur redistributed from the sulphides in
the scale to internal sulphide precipitates in the alloy, with the
corrosion rate returning to that of the sulphur-free gas. These
trends were more pronounced in the 180 grit condition than in the

electropolished condition.

A silicon alloying addition of 2.0% Si in AISI314 was wvery bene-
ficial in the sulphur-free gas as it promoted the formation of a
complete inner SiO2 layer which reduced the corrosion rate by
blocking the outward diffusion of Cr, Mn and Fe. Surface working
assisted the formation of a complete SiO2 layer on the borderline

1.2% Si containing alloy HP4ONb.

The beneficial effect of S5i was lost in the 0.2% HZS gas due to
the formation of internal sulphide precipitates in the alloy which

prevented the inner S$i0_, layer from becoming complete and this

2
allowed Cr, Mn and Fe to diffuse outwards to form a thick external
scale. If anything the presence of SiO2 was now detrimental as it

promoted spallation of the thick external scale.
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Mn alloying additions promoted the formation of an additional

(Mn,Fe)Cr_ 0, outer layer on the commercial alloys which did not

274
form a complete inner SiOE- layer in the sulphur-free gas. The
intermediate Cr203 layer grew from the (Mn,Fe)Cr‘204 layer and

therefore had a different defect structure to the Cr20 layer

3
formed on the Model alloy.

Mn alloying additions were very detrimental in the 0.2% H25 gas.,

The sulphur doped the (Mn,Fe)Cr204 spinel and the Crao3

concentration of cation vacancies which increased the corrosion

increasing

rate. Some of the sulphur remained in the external scale and
sulphur shut off did not occur.

The incomplete 8i0, layer, the fast growing (Mn,Fe)Cr204/Cr20

2 3
scale, formation of sulphides in the scale and alloy during the
initial stages and carbide precipitaticon due to aging processes all
contributed to a severe Cr depletion of the alloy substrate of the

commercial alloys in the 0.2% H.S5 gas. This c¢aused the internal

2

"carbide precipitates to become unstable which led to a massive

amount of internal attack and a dramatic increase in the corrosion
rate (breakaway). The thickness of the external scale and presence
of SiO2 in the inner layer made the external scale susceptible to
spallation. When this occurred the oxides and sulphides nucleated
on the surface again but insufficient Cr was available to allow
the oxides to overgrow the sulphides. The sulphides therefore grew
to form a non-protective fast growing sulphide scale which soon

leads to catastrophic failures of the alloy.

The 3.5%% Al content of the HP40Al alloy was insufficient to form

a complete A120 layer both in the sulphur~free and 0.2% H28

3

gases. Isolated internal A1203 particles formed but these has no

effect on the corrosion mechanism.

The 0.8% Nb content of the HP40Nb and HP40Al alloys had no effect

on the corrosion process in the sulphur-free and 0.2% H2S gases

as most of this element was contained in the very stable MC carbides.
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The low Cr content of Alloy BOOH made it very susceptible to local-
ized internal attack in the sulphur-free gas and especially in the
0.2% HES gas where breakaway 6ccurred after shorter times than on
the other commercial alloys.

Increasing the level of H,S in the gas to 0.6% crossed the thresh-

2
hold or kinetic boundary with the sulphides overgrowing the oxides
to form thick fast growing non-protective sulphide scales on all

the alloys.

The 3.5% Al content of HPA0OAl promoted the formation of an

internal Al rich sulphide/oxide layer in the 0.6% HZS gas which

reduced the corrosion rate. Corrosion was however still extremely

severe,
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SUGGESTIONS FOR FURTHER WORK

Having established the corresion mechanisms at 800°C it is important
to determine whether the same mechanisms operate at other lower
temperatures which are more representative of metal temperatures in
use at present in industrial and pilot plant. A very valuable
experiment would be a long-term (1 year) exposure in a H,_-7%CO-

2
1.5%H20-0.05%H S gas at 600°C which corresponds to the same relative

2
position on a thermodynamic metal stability diagram as the 0.2% H.S

_ 2
at 800°C.
To gstablish. the effect of applied stress on oxide scales in the
0.2% HZS gas at 800°C to assess how this influences the breakaway

process.

To investigate corrosion process that could take place due to con-

- densation at low temperatures when process plant in shut down.

Chlorine could be a very important factor in this process.

This study showed that external oxide scales were rather prone to
spallation after long exposure times. It would be valuable to assess

the effect of rare earth elements such as Ce at keying on the oxide

scale in the 0.2% H,S gas and sulphur-free environment at 800°C,

2

It was impossible in this study to determine the exact reasons for
the localized attack of grain boundaries in Alloy 800H due to this
alloy containing small Quantities of several minor alloying elements.,
To establish this a study is required on different batches of this
alloy containing only Al and no Ti and an alloy containing Ti and

no Al.

Most important of all however is to work on simpler alloys, e.g.

Model alloy, Model alloy plus 2% Si, Model alloy plus 1% Mn, Model

alloy plus 2% Si and 1% Mn, and to reduce the amount of work by

studyihg fewer alloys and standardising on one surface finish.
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APPENDIX 1

Gas characterisation

A gaseous atmosphere relevant to this study containing the reactants C, H, O
20, CHA, co, COZ’

“and 803). A method of characterising these complex atmogpheres in

and § could consist of upto nine gaseous species (HZ’ st, H
Cos, 2
terms of partial pressures of oxygen (pO ), sulphur (pSZ) and carbon activity

(a ) has been devised by Kemeny and Whit:t:le(1 .

_The total number of atoms of G, H, O and"S, Moy Ty 0, and n, respectively can

5
be given by
n, = Mgy * “co, + “cﬁ4 *+ Beos (1)
=20, +2 4o, +2 (2)
Ny H, “Hzo CH, “st
Ny =Ny o ¥ Rgg * 205+ mppg + 2ngp + 3ng, 3
2 2 2 3
Mg = Npgg T+ "s0, + "so, + nH,S | (4)

where n, is the number of moles of component i,

These can be conveniently expressed as fractions N,, N, N. and NS such that

c’> "H’ 70

n

N = ¢ (5)
nc + nH + no + ns
N, = i (6)
. n, + nH + no +_nS
n .
N, = 2 @)
nc + nH + n0 + nS :
n o i
Ng = 5 (8)
nc + nH + n0 + nS
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and thus
NC+NH+N0+NS=‘1’ _(9)

There are five independent equilibria possible between the various species

viz. !

CH, + Hzo% o + 3H, | (A)
€O + H,0 = CO, + 1, ' (B)
HyS + 2H,0 = S0, + 3H, : (C)
H,0 + S0, = SO, + H, (D)
H,S +CO = COS +H, | (E)

The law of mass action states that for a given reaction the equilibrium

constant (K) is given by

activity of the products

activity of the reactants

The eqhilibrium constant for the reaction is related to the standard free
energy (AG®) by the Vant Hoff Isotherm :

AG® = ~RT1nK
where R = gas constant.

Thus for the reaction (A-E) the equilibrium constants are given by

PCO.(pH2)3 - A6,

KA ®  —— = eXp., ————— (10)
pCH&.pHZO RT
pCO, .pH - AG?

KB = _..-.2_._....-2_._. =  exp. ____§__ (]_1)
pCO.pH,0 RT

2




pSO, . (pH )3 - AG?
2 2 : C
._-_-.._._......_.._._.._...2= exp . ——
pH,S. (pH,0) RT -
-]
pSOB.pH2 - AGD
—_— = exp., —————
PH,0.pS0, RT
<
pCOS . pH, - 63
D ———— ] exp . ———
pH, S.pCO RT

2

where Py is the partial pressure of component i {atm.).
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(12)

(13)

(14)

Assuming ideal behaviour the mole fractioné of the gaseous species (xi) can be

introduced.

x =

i nHZ + D"HZO + nCO + nCO

2 4 2

where P 1s the total pressure.

Thus substituting equation (15) into equations (l0-14) gives :

3
*co" (¥g,)
K = -—.—.—-—2—-— pz
A X .
e, XHZO
X »
. - co, xH2
X o X
H,0°"CO 3
Xg0.* (X )
_ 2 ( 2 b
c X .
H,S xnzo
x L
o - 50, XHZ
X e X
H,0°"s0,
xcos'xH2
KE = X X
H.S°*co

R
=5 (15

(16)
(17
(18)
(19)

(20)
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By using equations (1-4) and substituting equation (15) into equatioms (5),
(7) and (8) gives '

_1 |
No == Oxgg * %o, + %oy + *pog) (21)
Q 2 4
_1 .
NO = (xH 0 + Xeo + ZXCO + X008 + ZXSO + 3XSO Yy (22
Q "2 2 - 2 3
N, == (x + x + x + ) ' : (23)
s~ g cos T ¥so, " Fso, XHZS |
where } = ZXCO + 3XCO + 5XCH + 3XCOS + 2xH + 3xH 0 + 3xH S + 3XSO + 4xSO
2 . 4 2 2 2 2 3
X.. + X + ¥ + x + + + + x + x = ] (24)
co ™ *co, T *cu, T *cos XH2 xHZO “st 80, * "so,

2
Thus given the free energy data‘f% table 1 it is possible to calculate KA’ KB’
KC, KD’ KE from equations (10-14).

The nine equations (16) to (24) are sufficient to solve for the nine unknowns
(*8,* 8,8, H,0, CH,, €O, CO,, COS, SO, and S0,) for given conditions of

temperature total pressure and overall gas composition in terms of N

N, and
C
(3)_-

0!

NS with the assistance of a computer programme

Finally the carbon, oxygen and sulphur potentials can be calculated using the
-following reactions (F-L) for which the free energy data are given in table 1.

H, +1/20, = H,0 (F)

co + 1/202 = ¢o, | | (G)

260 = G+ €0, (H)

CB, = C+ 24, (1)

S0, + 1/20, = S0, | (J)
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1/2s, +Hy, = H,S (X)

350

5 2303 + 1/282 : (L}

Thus using the law of mass action the partial pressures of oxygen and sulphur

and the carbon activity can be calculated from

2 2

x1120 ! xco2 1
p0, = e = e (25)
2 XHZ KF XCO KG 7 _

2 .
P ()™ Ky XCHA
- - 26
2 2

2
"st 112 e (Xsoz)s‘l
pS = | — =
2 XHZ X (xgo )* J g

(27}

3 .
Since the atmosphere is at equilibrium the two expressions in equations (25},
(26) and (27) should be identical and thus provides an internal check to the

calculation.




Reacticn
S ———————

0
O

2¢ + H2

]
0
o

c + 2H2

1/, 8§, * 1Y/2 o, =

co + Y2 5. = cos

1/, Hy + 1/, 0, =

Table 1

- A6° (cal)
52940 - 12,32 T

=-21470 + 26,1 T

i

-26700 - 20.95 T

-94200

0.2 T
-58900 + 13.1 T

-21580 + 11,81 T

-86620 + 17.31 T
-109220 + 38,62 T

~22860 + 18.7 T
60130 - 15.69 T
53360 -~ 13.85 T

9820 -~ 3.46 T

Free energy of formation of gaseous species (2).

Temp. Rangé {X)

800

800

298

298

298

298

298
318
238
800

800

800

2000
2000
2500
2000
2500

1800

2000

1800

1500

2000

2000

2000



Compound / species

B, at 800°¢, (from Barlin & Knacke (1))

Cr

%

Cr203

Crs

Table 2

+ 2.008

+ 11.620

+ 62.716"

+ 12.480

+ 6.653
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Construction of Metal Stability Diagrams

Figure 1 shows a schematic metal stability diagram for the M-0-S system. The

procedure for calculating the position of the lines on the diagram is as

follows, using the Cr system as an example,

- The vertical line gives the partial pressure of oxygen (p02) above which it is
thermodynamically favourable for chromium to react with oxygen to form

chromia, i.e.

ZCr(S) + 3/20, (2) -—> Cr203.(s) | (A)
Vant Hoff isotherm states that
AG® = ~RT1nK | (0
AG® = free energy of formation
= gas constant
T = temperature
= equilibrium constant
For any reaction
AG® = IG products - IG reactants
Thus équation (1) can be written
- Iv,G? .
i1
log K(T) = —— (2)
RT1nlO '

or log K(T) = Evisi(T) (3)
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where - G2

T
Bi =
| RT1nl0
|
and vi = stoichiometric numbers.

Thus using the values of Bi given in Barlin and Knacke (1,2) table 1 it is
possible to calculate the values of K, for reaction (a)

)
Cr203

log KT

2 (Bg,) = 3/2 (8 ) +1 (8

= - 2 (2,008) - 3/2 (11,620) + 1 (61,716)

Log Ky = + 41,270

The law of mass actions states

activities of products
K = ' (%)

.(T) activities of reactants
a .
e Crzo3
.e. . N ; (3)
(T) 2 3/2
e~ P9
log K(T) = log aCr203 - 2 log ag,. - 3/2 log 0, (6)
If aCr203 agd a,  are assumed to by unity

log K = - 3/2 log p0,

- 2/3 x 41,270

log pO2

log p0, = - 27.513 atm.

The same procedure can be used to calculate the position of the horizontal

Cr/CrS boundary by considering.the reaction :
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qr + 1/2 SZ(g) -==> CrS

(s) (s)

(log p82 = -'14,292 atm,)

To calculate the sloping line (CrS/Cr203 boundary) on the metal stability

diagram the reaction

2CrS + 3/202 —_— Cr203 + 82

must be considered.

log KT = - 2 (BCrS) - 3/2 (802) + 1 (BCr203) +1 (882)
Using the values from table.

log KT = -2 (12,480) - 3/2 {(11,620) + 62,716 + 6,653

log KT = 26,979

Thermodynamic equation,

%cr,0, PSy
K = - -
2 3/2
s POy
log K = log aCr203 + log pS, - 2 log a, ¢ - 3/2 tog po,
If aCrZOB and 2opg 8T8 unity,
log pS, = 3/2 log p02 + 26,979.

This gives the slope and intersect of the Iine and thus the 2-dimensional

metal stability diagram can be constructed, figure 2a.
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The same procedure can be used for calculating the positions of the lines for

(1) The equilibrium of different sulphides/oxides of the same system
e.g. CrS/CrSl’17
by considering the reaction

Cr + 0.585 3 w—=> CrS§

(s) 2(g) 1,17

(11) Cr-C-0 and Cr-8-C systems (figure 2b and c)

e.g. | 23Cr + 66 ~—=> Cr23C6

(1ii) Other metallic systems

e.g. Ni + 1/20, ~--> K10
N{ +1/28, --=> NiS etc.

(iv) When the activity of the metal is not unity,

For example considering reaction (4) again

log Ky = log aCr203 - 2 log an,. ~ 3/2 log 0, (6)

If the Cr activity in an alloy was 0,1

- 2 log (0,1)

log Ky = -3/2 log pOo,

log pO, = - 26,18 atm,

2

i.e. reducing the Cr activity from unity moves the boundaries between Cr

and Cr203 by 1,3 orders of magnitude.




MS

log p82

log p02

Figure 1

Schematic metal stability diagram for the M-0-S system.




‘a) Cr-0-S b) Cr-S-C |
Cr75g Cr758
-5t -5L
< 5 .
o
8 crs < crs .
~ =10} &' -0 .
& o |
'15'- ‘TSF 0
&)
Cr Cr 0 Cr7C3 Cr3Co
| S
-20 i L 1 1 20 | ! A
=35 -30 -25 -20 -15 ~4 -3 -2 -1 0
log POZ (bar) : log carbon activity (a¢)
¢} Cr=-C-0
0 —
N CI‘3C2 e
(&)
2 -
>
>
B |
v b .
c CF7C3 Cl"203
g ,
:
L)
g 7F T ‘
CF23C6
- Cr | | L | ‘
-35 ~30 -25 -20 ~15
icg POZ (bar) _
Figure 2
Phase stability diagrams for Cr—0-S—C at 800°C.







